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ABSTRACT OF THE DISSERTATION
Multiprincipal Element Alloy Development via High-throughput Experiments
by
Mu Li
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Multiprincipal element alloys (MPEAs) are a novel class of engineering materials. As opposed to
conventional alloys, where one or two elements are dominant with others in minor amount to
provide improvements or supplements to the properties, there is a lack of clear solvent species in
MPEAs. Since the discovery in 2004, MPEAs have stimulated the exploration of the vast
compositional space offered by the increased number (≥ 3) of principal elements, and the studied
alloy compositions cover an exceptionally broad range of microstructures and properties. Despite
the unparalleled potential of MPEAs, the considerable number of choices in number, type and
fraction of the elements complicate the process of identifying candidates for industrial applications.
The conventional, one-at-a-time experimental approach is no longer adequate for the rapid
development of materials. Therefore, the understanding in MPEAs is still limited. Combinatorial
high-throughput methods, as a remedy, have arisen to accelerate both metallic alloys’ synthesis
and characterization processes. In this dissertation, combinatorial strategies are developed to
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identify new MPEA compositions and microstructures, as well as to understand the underlying
mechanisms of MPEAs with desired mechanical properties in an expedited manner.
In particular, direct laser deposition (DLD) was used to fabricate various libraries in AlCoCrFeNi and Nb-Ti-V-Zr MPEA family. For validation of the method, an AlxCoCrFeNi (x = 0.15
– 1.32) library with an array of 25 discrete patches was synthesized. The compositional
homogeneity of the deposited alloys within patches was examined. And a remarkable consistency
was found between the laser-processed and cast samples. Subsequently, three compositions of
interest in the same MPEA system were selected to be cooled at different rates, which is realized
by different combinations of laser parameters. This study aims to further investigate the
processing-microstructure-property relationship to obtain a comprehensive understanding in the
classic paradigm in MPEAs. Next, the optimal laser parameters for MPEAs to fabricate 3D
structures including thin walls and pillars were also discussed. Regarding refractory MPEAs, a
continuously-graded Nb-Ti-V-Zr quaternary library was produced and examined to determine the
compositional effects on the crystal structures, microstructures, and mechanical properties.
Meanwhile, the equiatomic NbVZr alloy were studied in detail for a better understanding of the
stability and properties of intermetallic compounds, which can serve as a strengthening phase in
MPEAs.
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Chapter 1: Introduction
1.1 Major Concepts of Multiprinciple Element Alloys
The first results of multiprincipal element alloys (MPEAs) [1] and high-entropy alloys (HEAs)
[2] were published in 2004 by two individual research groups. Bypassing conventional alloying
strategies, the uniqueness of these crystalline alloys involves a lack of solvent phase, which opens
an expansive, unexplored range of compositions within the central regions of hyper-dimensional
multicomponent phase diagrams, which offers rich opportunities for the discovery of new alloys
of scientific interests and real-world applications. The HEA definition in [2] includes the concept
that configurational entropy
𝑆𝑆𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 = −𝑅𝑅 � 𝑥𝑥𝑖𝑖 ln (𝑥𝑥𝑖𝑖 )
𝑖𝑖

Equation 1.1

where xi is the concentration of the ith component, R is Boltzmann constant) increases with the
number of components and may favor single-phase, disordered solid solution phases over
intermetallic phases by decreasing the solid solution’s Gibbs free energy. The search for singlephase solid solutions is justified by the fact that intermetallic phases can embrittle the material [3].
Nevertheless, this requirement for single phase is unreasonably restrictive and neglects the
advantageous effects of secondary phases, which make the essential microstructural components
in many structural materials, such as steels and nickel superalloys. As part of the alloy design
strategy, intermetallic phases of controlled size, shape, fraction, and distribution are crucial for a
desirable balance of mechanical properties, including strength, ductility, and fracture toughness
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etc. On the other hand, the MPEA definition in [1] is based on composition and does not include
the intention to search for single-phase solid solutions. The main point of this term is a lack of a
single solvent element, and each principal element has a concentration between 35 and 5 at. %.
Another similar term is complex concentrated alloys (CCAs). In this thesis work, we will use
multiprincipal element alloys (MPEAs) for the best clarity, which include single-phase solid
solutions, multi-phase alloys, nanocrystalline microstructures, and amorphous structures.

1.2 Features of MPEAs
Yeh et al. hypothesized four core effects to describe MPEAs [2]: (1) Thermodynamics: high
entropy effects; (2) Kinetics: sluggish diffusion; (3) Structures: severe lattice distortion; and (4)
Properties: cocktail effects. However, the hypotheses are mainly based on indirect experimental
observations due to the compositional complexity. In this section, we will discuss these effects in
order.

1.2.1 Thermodynamics
The formation of MPEAs can be viewed as a competition between solid solutions and
intermetallic compounds. The high entropy effect is the central concept for the definition of HEAs,
which stabilizes the solid solutions [2]. This effect is counterintuitive because it is expected that
intermetallic compounds can form with multiple components of relatively similar concentration.
Configurational entropy is large in equiatomic alloys with 5 or more elements when compared
with the entropy of fusion for pure metals or configurational entropy of intermetallic compounds
(often approximated as zero in strict stoichiometric compounds, but extra constituent element’s
2

occupancy in the sub-lattices can introduce up to ~60% of configuration entropy for solid solutions
[4]), and therefore is claimed to favor the formation of solid solutions. Other entropic contributions,
i.e., vibrational, electronic and magnetic entropies can also be significant, but tend to be equal or
similar to the sum of corresponding intermetallic compounds or pure elements and therefore play
a minor role [5]. However, the calculation of configurational entropy (Equation 1.1) is a rather
idealized case, where identical lattice sites are occupied with chemically different but equal in
terms of size. Excess configurational entropy occurs if the constituent atoms are of different sizes,
which introduces uncertainty in lattice sites. In non-ideal solutions, a non-zero enthalpy of mixing
can cause chemical short-range ordering (SRO) or phase separation, both of which contribute
negatively to excess entropy. A study showed that total excess entropy for several binary alloys is
close to zero at equiatomic composition, but there is yet to have results for ternary or more complex
systems [6].
Enthalpies are also important in determining the Gibbs free energy. By definition, enthalpy,
denoted by H, is the sum of bonding energies between i and j first-neighbor atoms, 𝜀𝜀𝑖𝑖𝑖𝑖 , i.e.,
𝐻𝐻 = ��𝑛𝑛
����𝜀𝜀
𝚤𝚤𝚤𝚤 𝑖𝑖𝑖𝑖 �
𝑖𝑖,𝑗𝑗

Equation 1.2

where ����
𝑛𝑛𝚤𝚤𝚤𝚤 denotes the average number of bonds between atoms i and j [7]. For instance,
∑𝑖𝑖,𝑗𝑗 𝑛𝑛
����
𝑛𝑛𝚤𝚤𝚤𝚤 = 8 for BCC and B2
𝚤𝚤𝚤𝚤 = 6 for FCC/HCP and L12 (Ni3Al prototype) structures, ∑𝑖𝑖,𝑗𝑗 ����

(CsCl prototype) structures. The long-range ordering (LRO) in crystals results in differences
between enthalpies for solid solutions and intermetallic compounds, i.e., the values of nij are
different. Miracle and Senkov [5] collected enthalpies for 1176 solid solutions and 1055
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intermetallic compounds and found HSS is most populated at zero and can be positive or negative,
while HIM is largely negative and generally slightly more negative than the corresponding HSS.

1.2.2 Sluggish Diffusion
The kinetics are considered slow in MPEAs based on the observation of nanoscale particles
and amorphous phases [2]. Sluggish diffusion leads to the stability of crystal structures and
microstructures during solidification, which explains the microstructural consistency between
laser-processed and as-cast materials (Chapters 3 and 4). Tsai et al. quantitatively studied the
diffusion kinetics in CoCrFeMnNi and found the diffusion coefficients for all the elements are
smaller than those in pure metals and ternary CrFeNi alloys, and the activation energies are higher
[8]. Li et al. reported sluggish diffusion in Al, Cr and Fe in FCC AlxCoCrFeNi (x = 0, 0.2 and 0.28)
[9]. There are no reports of diffusion coefficients in refractory MPEAs yet. For application,
researcher have investigated MPEA thin films as a diffusion barrier for copper metallization on
silicon substrates [10-12].

1.2.3 Lattice Distortion
Lattice distortion in MPEAs is considered large compared to the one dominant element alloys
because of the atomic size difference of the principal elements [4]. Apparently, it leads solid
solution strengthening, as confirmed in many FCC and BCC MPEAs [13, 14]. There are additional
physically sensible phenomena associated with the severe lattice distortion effects within MPEA.
Yeh et al. [15] reported anomalous decrease in X-ray diffraction intensities in AlCoCrCuFeNiSi,
as a result of “rougher” atomic planes comprised of different sized atoms. The distorted lattice is
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also responsible for reduced electrical and thermal conductivity in MPEAs, and the sensitivity of
these properties to temperature [3]. However, there is a lack of systematic studies to quantify this
effect and to separate it from other contributions. For instance, the reduction in electrical and
thermal conductivity can be also attributed to the complicated local electronic structures.

1.2.4 Cocktail Effects
The cocktail effects imply that the alloy properties can be significantly adjusted by
composition change. The hardness of AlxCoCrFeNi increases nearly 4 times with Al content
between x = 0.45 and 0.88 [13]. The Young’s modulus of AlCoCrFeNiTix varies in the range of
approximately 90 – 180 GPa when x = 0 – 1 [16]. The observations indicate that the properties of
MPEAs can be more easily adjusted than conventional alloys. The cocktail effects can also depict
the unpredicted synergies from complex concentrations that can result in exceptional properties.
Kunce et al. reported good hydrogen storage properties in NbMoTiVZr [17]. Zuo et al. found
excellent soft magnetic properties in CoGaMnNi [18]. Some noble metal MPEAs exhibit catalytic
potentials for CO oxidation [19], ammonia oxidation [20], and oxygen reduction [19]. Other
functional properties include high photothermal conversion efficiency [21, 22], good irradiation
resistance [23-25] etc. The cocktail effect indicates infinite possibilities in the vast composition
space of MPEAs that can result in non-linear, unexpected properties.

1.3 MPEA Design
The interior volume in a hyper-dimensional MPEA phase diagram is magnitudes larger than
those in vertices, edges, and faces, which offers appealing potentials for new compositions of
5

structural and functional applications, as well as the largest challenge. Assuming a palette of 30
elements, there are approximately 27,000 4-component systems, 143,000 potential 5-component
systems and 594,000 potential 6-component systems to explore. However, there exist only several
major MPEA families so far, including 3d transition metal MPEAs, refractory metal MPEAs, and
less common light metal MPEAs, lanthanide MPEAs and interstitial compound (carbide, boride
and nitride) MPEAs. The first three families are more frequently used for structural applications.
Granted the vast compositional space, 630 distinct MPEAs in total have been reported until
2020 [26], most of which are equiatomic or near equiatomic. Nearly half microstructures are solid
solutions, while solid solutions + intermetallic duplex structures appear nearly as often (~40%) as
solid solution phases, and approximately 10% have only intermetallic phases. Over half of solid
solution alloys are single phase and are mostly face centered cubic (FCC) in 3d transition metal
MPEAs refractory MPEAs are mostly body centered cubic (BCC). There are fewer hexagonal
close packed (HCP) MPEAs in the current experimental dataset. Commonly observed intermetallic
phases include B2, L12, σ (CrFe prototype) and Laves phases (hexagonal C14, MgZn2 prototype
or cubic C15, MgCu2 prototype) [27]. B2 tends to form coherently with BCC by spinodal
decomposition, as well as L12 and FCC. Both combinations are often a result of Al addition to
MPEAs [5]. However, there lacks a systematic investigation of the spinodal microstructures in
MPEAs. Cr addition often causes σ formation [5]. These secondary phases are often considered to
embrittle alloys, but recent results show that intermetallic compounds can be used to control the
microstructure and improve performance [28-30].
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1.3.1 Empirical Approaches
The earliest empirical predictions in the MPEA field focused on obtaining solid solutions.
Hume-Rothery rules state that solid solutions are favored in alloys whose elements have similar
atomic sizes, crystal structures, electronegativities and valencies [31]. To apply these concepts, the
MPEA community derived differences in atomic radii (𝛿𝛿𝛿𝛿) and electronegativity (𝛿𝛿𝛿𝛿), average
valence electron concentration (VEC) as a function of composition for more than three components
[5]. The enthalpy of mixing is estimated from the corresponding binary enthalpy of mixing. The
definitions of the parameters are shown in Equation 1.3 through Equation 1.6,
𝛿𝛿𝛿𝛿 = �� 𝑐𝑐𝑖𝑖 (1 − 𝑟𝑟𝑖𝑖 /𝑟𝑟̅ )2

Equation 1.3

𝛿𝛿𝛿𝛿 = �� 𝑐𝑐𝑖𝑖 (𝜒𝜒𝑖𝑖 − 𝜒𝜒̅)2

Equation 1.4

𝐻𝐻 𝑆𝑆𝑆𝑆 = � 4𝐻𝐻𝑖𝑖𝑖𝑖 𝑐𝑐𝑖𝑖 𝑐𝑐𝑗𝑗

Equation 1.6

𝑖𝑖

VEC = � 𝑐𝑐𝑖𝑖 (VEC)𝑖𝑖
𝑖𝑖<𝑗𝑗

Equation 1.5

where 𝑐𝑐𝑖𝑖 , 𝑟𝑟𝑖𝑖 , 𝜒𝜒𝑖𝑖 , and (VEC)𝑖𝑖 are the concentration, atomic radius, electronegativity, and valence
electron concentration of the ith component; 𝑟𝑟̅ = ∑𝑖𝑖 𝑐𝑐𝑖𝑖 𝑟𝑟𝑖𝑖 and 𝜒𝜒̅ = ∑𝑖𝑖 𝑐𝑐𝑖𝑖 𝜒𝜒𝑖𝑖 are average atomic

radii and electronegativity; 𝐻𝐻𝑖𝑖𝑖𝑖 is the enthalpy of mixing of components i and j at the equiatomic
composition [4] or of the minimum energy structure [32].

When a larger number of MPEAs are considered, solid solutions have similar ranges in 𝛿𝛿𝛿𝛿,

𝛿𝛿𝛿𝛿 and 𝐻𝐻 𝑆𝑆𝑆𝑆 , namely 𝛿𝛿𝛿𝛿 ≤ 6.6%, 0.10 < 𝛿𝛿𝛿𝛿 < 0.15 and −15 < 𝐻𝐻 𝑆𝑆𝑆𝑆 < 5 kJ/mol [4, 33-35]. VEC is
used to separate the formation of BCC or FCC (VEC < 6.87 for BCC and VEC ≥ 6.87 for FCC)
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[36]. Most empirical approaches predict solid solution, intermetallic or amorphous phases in
MPEAs use 𝛿𝛿𝛿𝛿 and 𝐻𝐻 𝑆𝑆𝑆𝑆 , e.g., in Figure 1.1 [33]. They successfully separate solid solutions and

amorphous phases, which is easily understood by the fact that greatly negative 𝐻𝐻 𝑆𝑆𝑆𝑆 and different

atomic sizes stabilize metallic glasses according to Hume-Rothery rules. However, existing

empirical rules fail to predict the formation of solid solutions and intermetallic compounds, as the
intermetallic field overlaps with both solid solutions and amorphous phases.

Figure 1.1. An atomic radii mismatch (𝛿𝛿𝛿𝛿) vs. mixing enthalpy (𝐻𝐻 𝑆𝑆𝑆𝑆 or ∆𝐻𝐻𝑚𝑚𝑚𝑚𝑚𝑚 ) plot to show empirical
correlations to separate solid solutions from intermetallic compounds and amorphous phase [33].

Intermetallic compounds play an important role in structural materials. The mechanical
properties of MPEAs are sensitive to the presence and volume fractions of intermetallic phases.
Identifying and predicting the stability and properties of the intermetallics in MPEAs can be useful.
For instance, Al has low melting temperature, but it is considered as a candidate high-temperature
structural element, because it can form high melting temperature intermetallic phases. Existing
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empirical rules often fail to identify these intermetallic effects. As a result, high-throughput
computational and experimental methods are needed to aid MPEA design.

1.3.2 Computational Approaches
High-throughput computations are a new toolset for material design for the modern advances
in hardware. They combine quantum mechanical and thermodynamic computations based on
proper input of material datasets. The most frequent tools are CALculated PHAse Diagrams
(CALPHAD) and atomistic methods.
Phase diagrams are important for material design. They provide information of a composition
at a certain temperature, including formation of phases and their compositions, volume fractions,
and phase transformation temperatures. The concept of CALPHAD is to derive thermodynamic
functions and to build multicomponent phase diagrams that are empirically fit to experimental data.
Multicomponent phase diagrams are generally considered impractical because of huge amount of
experimental work involved [37]. The use of CALPHAD associated with some key experimental
results has been demonstrated as an effective approach to construct multicomponent phase
diagrams [38]. For example, Ng et al. [39] successfully predicted the equilibrium phases and their
fractions in Al-Co-Cr-Cu-Fe-Ni system. Nevertheless, CALPHAD of MPEAs is still immature.
Since extrapolation from binary and ternary is generally required, the accuracy is compromised.
In addition, not all the elements are evenly distributed in the CALPHAD reports [40]. Due to this
bias, the calculation lacks consistency for MPEAs including certain elements, e.g., Zr, Ti and Mo.

9

The present CALPHAD studies only emphasize prediction of the type of phases. Errors regarding
the phase compositions and transformation temperatures remain unknown and can be large.
Although atomistic methods can directly yield accurate enthalpy of mixing values for
intermetallic compounds, which are very well archived (e.g., materialsproject.org, [41]), the
methods are not yet sufficiently optimized for solid solutions in MPEAs. There have been
approaches with approximations. The first is the density functional theory (DFT) calculation of
alloy total energy, which is applied to supercells constructed by special quasirandom structures
(SQS’s). For example, Huhn and Widom [42] successfully predicted the B2 intermetallic phase at
1654 K in MoNbTaW due to strong Mo-Ta interactions. In addition to phase stabilities, DFT can
calculate some mechanical properties as well [43, 44]. Others combine first-principles calculations
with statistical mechanical approaches, including cluster expansions and hybrid Monte
Carlo/molecular dynamics simulations etc., which are beyond the scope of this thesis work, and
reader are referred to a review [45] for more details. Several research groups [46, 47] have also
used machine learning to predict phase stability and mechanical properties in MPEAs.
Making reliable predictions with computational tools greatly depends on the availability of
thermodynamic and mechanical property databases. The MPEA experimental databases are being
constructed [26, 48]. Combinatorial and high-throughput (CHT) experiments are in need for the
exploration of novel MPEA compositions.
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1.4 Combinatorial and High-Throughput Synthesis Methods
for MPEAs
Portions of section 1.4 are adapted from the following manuscript, accepted by Annual Review
of Materials Research: D. Miracle, M. Li, Z. Zhang, R. Mishra, and K. M. Flores. Emerging
Capabilities for the High-Throughput Characterization of Structural Materials. M. Li is the main
contributor of the original draft of the synthesis methods section of the manuscript, D. Miracle
and K. M. Flores provided edits and revisions for the manuscript.
Rational design and optimization of materials requires datasets that link composition and
microstructure to performance. However, the rapid increase in the complexity of compositions and
microstructures, as a result of the expanded exploration space of multicomponent phase diagrams
of MPEAs, especially the non-stoichiometric alloys, poses challenges in efficiently and reliably
obtaining sufficient data through conventional, serial experiments. Conventional, one-at-a-time
experimental strategies are no longer suitable for MPEA design. On the other hand, CHT methods
can greatly accelerate the synthesis and characterization process, and the rate of materials advances
has increased dramatically in the past several decades. While in the pioneering studies in 1955
[49], molecular libraries were first used in biology, chemistry and pharmaceutical fields, the CHT
methods were adopted to materials design forty years later, in 1995 [50]. Numerous functional
materials have been developed by CHT methods [51, 52], yet there are few studies of CHT
methods on structural materials, the primary material that shapes our world [53]. This can be easily
attributed to microstructures. Varying a single parameter, composition, can significantly accelerate
the discovery and development of functional materials. Nevertheless, structural properties are
strongly sensitive to both composition and microstructure, with the latter adding dimensions of
complexity to CHT evaluations.
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In this section, we discuss several CHT synthesis approaches designed to accelerate alloy
fabrication while providing reliable data for MPEAs. CHT synthesis methods fabricate libraries
with either continuous composition gradients (e.g., Chapters 4 and 7) or an array of discrete
compositions (e.g., Chapter 3) that are characterized using methods that require minimal sample
preparation, can be conducted on very small sample volumes (miniaturization), can be automated,
and allow many measurements to be conducted simultaneously (parallelization) [54]. There is an
additional advantage of parallelization over conventional serial synthesis methods, since highly
parallelized libraries eliminate uncontrolled variations in conditions during synthesis. However,
the small sample volumes can limit the options for material characterizations, since some
properties measured at microscopic scale can be very different from bulk properties. Additionally,
CHT methods often have larger errors than conventional tests, and may not reflect a material’s
performance under actual service conditions [51]. The synthesis techniques are summarized in
terms of number of samples, composition range, length scale, and compatibility with CHT
characterization methods in Table 1.1.

1.4.1 Diffusion Multiples
The concept of a diffusion multiple involves interdiffusion at the interface of three or more
blocks of different compositions that are brought to intimate contact [55]. The contacting surfaces
must have good surface finish (roughness often less than 1 μm) and be free of contamination. To
obtain good interface contact, hot isostatic pressing is used, followed by high-temperature and
often extended heat treatment to achieve local equilibrium by thermal interdiffusion. The
12

continuously graded compositions and microstructures in diffusion multiples require spatially
localized characterization techniques such as Electron Probe Microanalysis (EPMA) or Energy
Dispersive X-ray Spectroscopy (EDS), Scanning Electron Microscopy (SEM), Electron
Backscatter Diffraction (EBSD), nanoindentation etc.
As an extension of diffusion couples [56, 57], diffusion multiples are especially useful for
MPEAs because the use of increasing numbers of metal blocks obviously fits well with the concept
of multiple principal elements in MPEAs [58]. Depending on the layouts of the blocks, diffusion
couples, triples, and quadruples can be created. Figure 1.2 shows the schematic of a diffusion
multiple (triple) and the corresponding concentration profiles. The local equilibrium at the phase
interfaces gives an accurate phase boundary. Pioneering work was conducted by Zhao [59] in 2001
to map the phase diagram and hardness of the Ni-Fe-Mo system, in order to study the effects of
these elements on modifying the properties of IN706. More recently, this approach has also been
used to determine diffusivity [60], solid solution effects and elastic modulus [55], as well as
precipitation kinetics [61].
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Figure 1.2. Schematic illustration of a diffusion multiple (triple), where A, B and C are either singleelement or pre-alloyed metal blocks. (b) Schematic illustrations of concentration profiles before and after
heat treatment.

Despite the use of diffusion couples to study diffusion kinetics [56, 57, 62, 63], the application
of diffusion multiples to MPEAs has been limited. Wilson et al. [63] constructed a diffusion triple
of Cr with pre-alloyed blocks of Co50Ni50 and Fe50Mn50. They mapped the nanoindentation
hardness, configurational entropy, and atomic mismatch (the latter two were estimated by
composition) and found that the maximum hardness was not consistent with either the maximum
configurational entropy or the maximum size mismatch. This suggests that neither the
compositional complexity nor lattice distortion are the primary source of the strengthening.
However, from a similar CoCrFeMnNi diffusion triple setup, Coury et al. [58] obtained a close
correlation of the hardness with the modified size mismatch, where the atomic sizes were adjusted
according to the pure metal’s strength by the Effective Atomic Radii for Strength (EARS) model
[64].
Compared to other CHT techniques, diffusion multiples are advantageous because they
produce equilibrated solid solutions and intermetallic compounds over a complete range of
constituent compositions, thanks to the inherent high-temperature and long-time heat treatment.
This technique also simplifies the mapping of microstructures and properties with composition,
which in theory is related to the distance from the interface. However, there are also challenges.
Since the phases and structures can differ in a scale of microns, the diffusion multiples are not
compatible with some conventional measurement techniques, such as conventional x-ray
14

diffraction, bulk-scale mechanical testing, etc. A possible solution is the use of microcompression
and microtensile specimens that can be tested using a modified nanoindenter, however
micromachining individual pillars is hardly high throughput. Some bulk characterization methods
are not accessible. This challenge is also observed for other CHT methods that produce continuous
libraries.

1.4.2 Physical Vapor Deposition Libraries
Physical vapor deposition (PVD) is a process where the source material (target) escapes from
the surface as a vapor phase and condenses as a layer on a substrate (e.g., silicon or sapphire
wafers). Here, co-sputtering, which produce thin films, and ion plasma deposition (IPD), which
produce thicker coatings, will be discussed.
To utilize PVD for combinatorial libraries of alloys with multiple principal components, codeposition is proposed [65]. Co-deposition can be divided into methods with a single target or
multiple targets. Single target co-deposition achieves the desired composition by varying the
thicknesses of the layers in a stack created by multiple passes with different target materials. The
multi-target co-deposition is more frequently used due to the ability to obtain large compositional
gradients. The targets are evenly spaced and confocal on the center of the substrate. Atomic-scale
mixtures from the target materials are produced, with the atomic fraction of each element
dependent on the distance from each target to a position on the substrate.
Co-sputtering often uses a magnetron as the energy source, which generates strong electric
and magnetic fields close to the target surface. As a result of the ionizing collision between the
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inert atoms (mostly argon) with fast traveling electrons affected by the electric and magnetic field,
an Ar+ plasma forms. The plasma interacts with one or more target materials, and the sputtered
particles reach the substrate and mix. The amount of the sputtered material from each target is
controllable by adjusting the target sputtering power, such that deposited films with desired
composition profiles are achievable. Co-sputtering produces thin films at a rate of several nm/min.
A vacuum arc is used to vaporize the target material in IPD. The arc is established and
maintained by a current-controlled power supply, and randomly scans the target surface to create
a metal plasma. The plasma then condenses at the substrate. IPD also adopts a multi-target
configuration to deposit multiple principal components in CHT libraries. The thickness of the
coatings can easily exceed 100 μm with the deposition rate ranges 10 – 100 μm/h.
Compared to other CHT techniques, co-deposition offers increased efficiency in producing
and integrating large and diverse libraries on a single substrate, which can greatly aid the rapid
screening of compositions [66]. The co-sputtered libraries were initially designed for the screening
of functional materials because they are compatible with intrinsic property measurements
including compositions, crystal structures, as well as electric, magnetic, optical properties etc. [51,
54, 67]. Kube et al. [67] fabricated 2478 distinct compositions of quinary MPEAs based on 7
elements with 3-target co-sputtering, in which two targets were equiatomic binary mixtures. In
total they created 14 libraries, each of which contained 177 patches on 100 mm diameter silicon
or sapphire wafers. They used high-throughput synchrotron XRD to measure the crystal structures
of the as-sputtered alloys and found that a larger overall atomic size difference favors the formation
16

of a BCC structure over FCC. While there are no reports of MPEA combinatorial libraries
synthesized by IPD to date, IPD has been used to investigate the effect of composition on oxidation
behavior in some multi-component alloys [68, 69].
While co-deposition enables the synthesis of large multicomponent libraries, there is a
physical limitation in the number of targets that can be arranged around the substrate without
shadowing – often less than the number of desired principal elements in MPEAs. Multicomponent
targets can be used to increase the number of elements in the final product, although this then limits
the compositional range of the library. Another challenge is the limited length scale of the thin
films, which poses difficulty in producing larger-scale microstructures as well as characterizing
their structure-property relationships. Finally, rapid quenching from the vapor phase may result in
the formation of nonequilibrium phases and microstructures, and even defects, some of which may
not be mitigated by subsequent annealing.

1.4.3 Additive Manufacturing Libraries
Additive manufacturing (AM) is a cutting-edge technique that fuses feedstock materials, layer
by layer, often in complex shapes with no up-front tooling and relatively little waste. The flexibility
of AM has dramatically changed the fabrication of parts from the conventional subtraction from
bulk materials to a bottom-up process. Although AM was first used as a prototyping method, it has
drawn increasing interest as a combinatorial approach for rapid alloy development [70]. AM can
be broadly categorized in terms of the energy source and the method by which the feedstock
material is applied. Two that have been applied to the manufacture of MPEAs are selective laser
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melting (SLM) and direct laser deposition (DLD). In SLM, a laser beam scans over a powder bed
to melt/fuse the powder along a defined path, after which a fresh powder layer is added to the bed
and the process repeated until the desired final shape is produced. The powders may be pre-alloyed
or consist of a blend of different compositions. The while it is challenging to produce
compositional gradients using SLM, controlling the laser parameter (power, path, travel speed)
can be used to vary the local thermal conditions and thus microstructural development. Due to the
typically rapid heating and cooling as the laser moves, non-equilibrium microstructures are often
produced.
Instead of selectively fusing powders in a large powder bed, DLD uses a laser to create a
shallow melt pool on a workpiece, into which a stream of elemental, blended, or pre-alloyed
powders is directed. The powders melt and are incorporated into the underlying material. The
configuration of DLD is shown in Figure 1.3. Compared to SLM, DLD is a more flexible technique
for fabricating compositional libraries. Current commercial DLD systems are equipped with four
or more powder reservoirs, which can mix powders in-line and provide them to the melt pool
simultaneously. By independently changing the feed rate of each powder, it is possible to change
the composition of the resulting deposit quickly and on a relatively fine spatial scale (< 1 mm).
Like SLM, the thermal conditions during processing can also be controlled by adjusting the laser
parameters, enabling microstructural as well as compositional control.
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Figure 1.3. Schematic of a direct laser deposition process.

Several studies have applied AM techniques to produce bulk MPEAs [71-74]. Much of this
research focuses on identifying the parameters necessary to produce builds with homogeneous
composition and defect-free microstructure throughout. Li et al.

[73] observed enhanced

mechanical properties in SLM builds of the Cantor alloy using pre-alloyed powders due to the
formation of nanotwins and tetragonal σ phase, which have not been reported elsewhere. In
contrast, Joseph et al. [71] compared DLD and cast AlxCoCrFeNi alloys (x = 0.3, 0.6 and 0.85),
and observed similar microstructures and mechanical properties. Reducing 3D builds to singlehatch thin wall structures [75, 76], or even single-layer cladding patches [77, 78], decreases
preparation time and resources, with the cost of the resulting sample’s amenability to certain types
of bulk measurements. Sistla et al. [75] fabricated thin wall samples of AlxCoCrFeNi2-x (x = 0.3,
0.7, 1 and 1.7) with DLD using powder blends and reported an evolution of FCC to BCC/B2 as x
increases, with a commensurate decrease in hardness.
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By producing controlled chemical gradients, continuous libraries can provide more
information than discrete libraries [54]. Similar to what occurs at the interfaces of diffusion
multiples, interdiffusion occurs as a result of the different compositions in adjacent AM layers or
hatches due to the amount of powders injected [79], although these continuous libraries do not
typically reach equilibrium. Gwalani et al. [79] applied DLD to fabricate a multi-layer
AlCrFeMoVx library (x = 0 – 1) with two powder blends, AlCrFeMo and AlCrFeMoV. A vanadium
gradient was achieved in the build direction (normal to the substrate) by varying the fractions of
the two blends between layers. Continuous libraries have also been used in other multicomponent
alloys [80-83]. For instance, Tsai and Flores [81] produced continuously-graded 2D composition
libraries of Cu-Zr-Ti ternary alloys to study the dependence of glass forming ability on
composition, where they changed both the Ti content and Cu to Zr ratio in-plane. While similar
methods can be applied to MPEAs with additional elements, characterization of these libraries is
currently limited to microscale techniques, such as electron microscopy and nanoindentation.
Compared to other CHT techniques, AM is versatile; it can rapidly produce bulk samples, as
well as libraries of varying dimensions. AM is an ideal method for accelerating the synthesis
process and producing many samples in a small volume. However, the inherently complicated
thermal history of AM raises the question of to what extent the microstructure and properties are
reflective of the materials produced by conventional methods. Residual stress and defects such as
porosity, cracks and compositional segregation are also common. Proper annealing is sometimes
necessary to obtain thermodynamically stable phases and mitigate defects before characterization,
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although this may lessen the effectiveness of compositional and microstructural gradients in the
library. However, fewer studies of AM microstructural libraries have been reported to date [84].

1.4.4 Other Synthesis Techniques
During friction stir processing (FSP), a non-consumable rotating tool is forced into a
workpiece material and moved laterally, producing localized severe shear deformation and
frictional heating. The combined shear stress and mass transport at high temperature produce a
refined equiaxed microstructure. Recently, several studies have applied FSP as an alloying method
[85, 86]. Nevertheless, improvements are needed for further application of this method. Given the
experimental setup, the compositional gradient can only align with the linear groove made by the
tool; thus, there is only one degree of freedom in composition. Furthermore, the phases formed are
metastable due to solid-state alloying.
Rapid alloy prototyping, initially designed to optimize the composition of steels [87], is also
proposed as an approach for CHT synthesis of MPEAs [88]. This technique involves serial casting
of five different compositions of the same alloy system in one operation, realized by five parallel
copper molds that can move stepwise. After each mold is filled with melted base material, the
composition of the melt in the furnace is precisely altered by adding pre-calculated amount of
alloying elements, and the next mold is filled. The batch of cast materials are hot-rolled and heat
treated to produce homogeneous and defect-free microstructures. The most remarkable advantage
of this method is that it produces bulk samples compatible with conventional characterization
methods. However, this method can only produce a limited number of compositions at a time.
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Table 1.1. Comparison of CHT synthesis methods.
CHT Method

Number of Samples

Diffusion Multiples

Infinite (continuous)
over a complete range of
the constituents

Bulk
Samples

AM
Libraries

PVD
Libraries

Finite (discrete) of
desired composition

SingleLayer
Discrete
Libraries

Finite (discrete) of
desired composition

Continuous
Libraries

Infinite (continuous)
over a desired
composition

CoSputtered
Thin Films
IPD and
EB-DVD
Coatings

Finite or infinite of
desired composition

Friction Stir Process

Infinite (continuous)
over a desired
composition

Rapid Alloy
Prototyping

Finite (discrete) within
the same alloy system

Length Scale

Required Equipment

Required Time

Compatible CHT
Characterization

Vacuum furnace

Lengthy heat treatment
(often > 24h)

SEM, EDS, EBSD,
nanoindentation,
oxidation

Microscale

Macroscale

All conventional
characterization
methods

Dependent on the number,
size, and height of the
samples, roughly ranging
from 15 minutes to
several hours.

SEM, EDS, EBSD,
indentation

Evaporating power
source, high vacuum
chamber, sensors for
precision control etc.

Roughly ranging 1 – 10 h,
depending on thickness

SEM, EDS, EBSD,
nanoindentation

Microscale

Friction stir welder

Dependent on the sample
size, roughly several
minutes

SEM, EDS, EBSD,
nanoindentation,
oxidation

Macroscale

Vacuum furnace and
parallel molds for serial
casting

Lengthy heat treatment
and thermomechanical
processing (often > 24h)

All conventional
characterization
methods

Sub-mm scale
(thickness)

Laser unit, inert
atmosphere control,
powder delivery systems
etc.

Microscale

Nanoscale
(thickness)
Microscale
(thickness)
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SEM, EDS, EBSD,
nanoindentation,
oxidation

1.5 Dissertation Outline
This chapter covers the background information of MPEAs as well as several CHT methods
used to fabricate MPEA libraries that can aid the exploration of the vast compositional space.
Chapter 2 will provide a detailed review of the various methods employed in this work. Chapters
3 through 5 discuss the application of direct laser deposition (DLD) to 3d-transition metal MPEAs.
Chapter 3 serves as a validation of DLD, where the AlxCoCrFeNi library is synthesized and
characterized. The library consists of 25 discrete alloy patches, and laser-processed MPEAs are
compared with their as-cast counterparts. In Chapter 4, combinations of laser parameters are
employed to create different cooling conditions that result in changes in microstructures and
mechanical properties. A processing-microstructure-property relationship is established. In
Chapter 5, we aim to find the optimum laser parameters to fabricate 3-dimensional structures with
DLD. The focus of Chapter 6 and Chapter 7 switches to refractory metal MPEAs. Chapter 6 is a
detailed investigation of the stability and properties of intermetallic compounds in refractory
MPEAs in the equiatomic NbVZr. In Chapter 7, the crystal structures, and mechanical properties
in Nb-Ti-V-Zr refractory system are mapped with regard to composition. Chapter 8 concludes this
dissertation with summary and outlook.
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Chapter 2: Experimental Procedures
In this chapter, we will discuss the experimental methods employed in this thesis, in more
detail than those found in other chapters. As some characterization techniques, such as X-ray
Diffraction (XRD), Differential Interference Contrast (DIC) Microscopy, Scanning Electron
Microscopy (SEM), together with Energy X-ray Dispersive Spectroscopy (EDS) and Electron
Backscattered Diffraction (EBSD), (Scanning) Transmission Electron Microscopy ((S)TEM) and
Electron Energy Loss Spectroscopy (EELS), and microindentation, are commonplace in the field
of materials science and therefore will not be discussed in the chapter. The discussion of details of
other methods in this chapter, including Focused Ion Beam (FIB), nanoindentation and Dynamic
Modulus Mapping (DMM), is considered necessary if the work is to be continued or reproduced
in the future, as the experimental procedures and parameters are designed exclusively for the
MPEAs.

2.1 Sample Preparation
2.1.1 Arc melting and casting
All the pre-alloyed substrates in this thesis work were synthesized from elemental feedstocks
with purities of at least 99.9 wt. %. Charges of pure constituents were stoichiometrically weighed
to a mass of approximately 20 grams and cleaned with methanol. As the raw materials were dry,
they were positioned in a 55 °F water-cooled copper hearth in the chamber of the arc-melter (homebuilt). Prior to melting, the chamber was evacuated with a roughing pump and a turbo pump to <
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20 mTorr and backfilled with ultrahigh purity argon gas to 13 Torr. The pump-fill cycle was
repeated three times to create an inert gas atmosphere with minimal oxygen content. The oxygen
level was further reduced by melting a piece of titanium as the oxygen absorber for at least 30
seconds. The plasma arc for melting the materials were generated by a high-frequency high-voltage
power supply. Subsequently, the charges of pure elements were melted into buttons. To ensure
thorough mixing of the constituents, each button was flipped and re-melted at least four times.
Before refilling with air and opening the chamber, the buttons were left in the water-cooled hearth
for at least 15 minutes to prevent severe oxidation of the samples.
The alloyed buttons were combined by arc-melting together in a copper hearth with an
opening for pouring the melted material. Similar operations were used to reduce oxygen
concentration in the chamber and to keep the hearth cold. Once the buttons were melted, the hearth
was quickly tilted to pour the materials into a copper mold positioned beneath to form a substrate.
Again, the materials were allowed to cool down before opening the chamber.

2.1.2 Laser Engineered Net Shaping (LENSTM)
The samples in the combinatorial high-throughput (CHT) studies were synthesized by an
Optomec MR-7 LENS system, which is a direct laser deposition (DLD) technique described in
Chapter 1. A schematic of the system is shown in Figure 1.3. The system mainly includes a
continuous fiber laser with a wavelength of 1060 nm and a scalable power (0 – 500 W), a powder
delivery system with four hoppers, an atmosphere system that maintain the inert gas environment
with minimal oxygen content (< 20 ppm), and a sample stage with 0.001-inch translational
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precision. The incident laser beam is directed down by a set of prisms and focused on the substrate
to create a shallow melt pool. The size of the melt pool is dependent on the applied laser power
and the optical and thermal properties of the material being melted. To deposit material, a
convergent stream of metal powders is delivered to the melt pool to incorporate with the substrate
material. The powder delivery rate in mass per unit time is proportional to the rotational speed (in
rpm) of a disk that picks up powders in the powder hopper, as is plotted against rpm in Figure 2.1.
The stage’s translational movement, the laser cone’s height, the laser power, as well as the
individual powder delivery rates, are controlled by a proprietary software package installed within
the machine computer. To perform laser deposition with a designed shape, specific scripts in
machine code language were used.

Figure 2.1. Powder delivery rate in mass per unit time as a function of powder delivery rate in rpm.
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2.1.3 Metallographic sample preparation
To acquire clear images and accurate measurement results, the surface of the bulk sample
must be sufficiently smooth. The metallic samples were ground using a series of silicon carbide
discs (Allied High Tech, 400-, 800-, and 1200-grit, corresponding to 22.2 μm, 11.1 μm and 5.5 μm
surface finish, respectively) wetted with deionized water on a polishing machine (Allied High Tech
MultiPrepTM Polishing System). After grinding, the specimens were polished to a mirror finish
using a polishing cloth (Allied High Tech red final C) wetted with 0.02 μm colloidal silica
suspension (Allied High Tech) on the same polishing machine. The polished samples were cleaned
in sonicated baths of acetone and methanol and stored in the antechamber or glovebox of the LENS
with an argon atmosphere to minimize oxidation.

2.1.4 TEM foil preparation by FIB
Focused ion beam has been widely used to prepare TEM specimens for nearly 30 years. The
very first effort involved machining thin trenches with FIB on polished semiconductor thin films
[1]. Years later, in-situ lift-out techniques were enabled by a micromanipulator to extract FIBmilled lamellae from a bulk sample, and to attach the lamellae to TEM grids [2]. Besides timeand effort-saving, the biggest advantage of FIB lift-out technique over conventional polishing and
ion-milling processes is the precision. The spatial accuracy is comparable to the ion beam diameter
(0.1 – 0.2 μm [3]), making it possible to extract foils from the exact target area. For the same
reason, only a tiny area from the material is needed (usually 30 μm × 30 μm).
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For this thesis work, the in-situ FIB lift-out is performed on ThermoFisher Scios2. A The
equipment is used to prepare TEM specimens in a cross-sectional geometry, resulting in a foil
perpendicular to the sample surface. The incident ion beam illuminates from an angle of 52°
relative to horizontal position. After the area of interest is selected, two protective layers, with a
thickness of 0.2 – 0.5 μm and 2 – 3 μm, are created by depositing Pt gas onto the sample surface
with electron beam (5 kV) and ion beam (30 kV), respectively, at horizontal position (0°), as shown
in Figure 2.2b. Around the site, ion beam is used to etch away the materials to produce a lamella
under the protective layers at 52° while leaving a connecting bridge (Figure 2.2d). As there is a
great volume of material to be removed, a high voltage (30 kV) and a large current (15 nA) should
be used. The nanoprobe (equivalent to micromanipulator) is inserted and welded to the lamella
with Pt (Figure 2.2e). After the bridge is cut and the lamella is fully isolated, the nanoprobe is
extracted, with the lamella still attached (Figure 2.2f). After replacing the sample with a Cu TEM
grid in the FIB chamber, we etch a T-shaped through notch at the top of the Cu post at 52°. The
size for the top part of notch is (w + 4 μm) × (h – 2 μm), assuming the size of the lamella is w in
width and h in height, while the bottom notch is (w – 4 μm) × (h μm). At 0°, the nanoprobe is
inserted and the lamella is mounted on the notch. Again, Pt deposition is used to weld the lamella
with the Cu post. The nanoprobe is detached and retracted by cutting the connection with ion beam
(Figure 2.2g). The lamella is thinned to approximately 1 μm with high voltage (30 kV) ion beam
at 52° (Figure 2.2h). To minimize the effects of ion damage to the TEM specimen, the ion beam
voltage is reduced to 5 kV and 2 kV for the final thinning on both sides at a higher angle (e.g.,
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56°), as shown in Figure 2.2i. The ideal thickness of a TEM foil is < 100 nm to be electrontransparent.

Figure 2.2. Protocols for TEM lamella specimen preparation with FIB lift-out technique, described by
secondary SEM images ((a)-(d), (h) and (i)) and FIB images ((e) and (f)). (a) A site of interest is chosen (a
nanoindent). (b) Pt protective layers on the indent. (c)-(d) A lamella is isolated with only a bridge connected
to the bulk sample. (e) Nanoprobe is inserted and attached to the lamella. (f) The nanoprobe is retracted
with the fully isolated lamella. (g) The lamella is relocated on a Cu post by the nanoprobe. (h) The lamella
is thinned to approximately 1 μm with 30 kV ion beam. (i) The TEM specimen has an electron-transparent
region after final thinning (5 kV and 2 kV ion beam).

2.2 Characterization Methods
2.2.1 Instrumented Nanoindentation
In this work, nanoindentation was performed on a Hysitron TI 950 TriboIndenter.
Nanoindentation is an extensively used tool in this thesis work for the high-throughput
characterization of mechanical properties. The major difference from conventional
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microindentation is in the smaller interaction volumes between the indenter tip and the material.
Additionally, while hardness in microindentation is obtained only by visually assessing the indent
dimensions, the load (𝑃𝑃) and displacement (ℎ) of the nanoindenter are continuously measured, and
hardness as well as modulus of the sample can be calculated based on the load-displacement curve
according to the analytical derivations by Oliver and Pharr [4, 5], as shown in Figure 2.3a.

Figure 2.3. (a) Schematic of nanoindentation load-displacement curve. (b) The corresponding cross-section
view of an indent. The details of the quantities in the figure are discussed in the text. This figure is adopted
from [4].

Two mechanical properties can be measured by nanoindentation: indentation modulus (E𝑟𝑟 )

and hardness (H). The indentation modulus is determined by the slope of the unloading curve (𝑆𝑆)
and the contact area of the indent (𝐴𝐴), given by

where 𝑆𝑆 is measured at the peak load:

E𝑟𝑟 =

𝑆𝑆 =

The elastic modulus (E) can be obtained by

𝑆𝑆√𝜋𝜋

2√𝐴𝐴

𝑑𝑑𝑑𝑑
�
𝑑𝑑ℎ 𝑃𝑃𝑚𝑚𝑚𝑚𝑚𝑚
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Equation 2.1

Equation 2.2

E=

1 − ν2
1 1 − ν𝑖𝑖 2
−
E𝑖𝑖
E𝑟𝑟

Equation 2.3

where ν is the material’s Poisson’s ratio, ν𝑖𝑖 is the tip’s Poisson’s ratio (0.07 for diamond), and
E𝑖𝑖 is the tip’s elastic modulus (1141 GPa for diamond). The hardness is simply defined as the ratio

of the maximum load and the contact area,

H=

𝑃𝑃𝑚𝑚𝑚𝑚𝑚𝑚
𝐴𝐴

Equation 2.4

The calculation of both quantities includes the contact area, which can be understood as the
area when the indenter tip is in full contact with the material at peak load (corresponding to contact
depth, ℎ𝑐𝑐 , in Figure 2.3b), is a function of ℎ𝑐𝑐 ,

ℎ𝑐𝑐 = ℎ − 𝜀𝜀

𝑃𝑃𝑚𝑚𝑚𝑚𝑚𝑚
𝑆𝑆

Equation 2.5

As shown in Equation 2.5, the contact depth is estimated by the maximum displacement (ℎ or
ℎ𝑚𝑚𝑚𝑚𝑚𝑚 ), the peak load, the unloading slope, and a coefficient 𝜀𝜀, which is a constant that varies

between 0.72 and 1, depending on tip geometry. For the Berkovich tips in this work, 𝜀𝜀 = 0.75.
The contact area is determined by Equation 2.6,

𝐴𝐴(ℎ𝑐𝑐 ) = 𝐶𝐶0 ℎ𝑐𝑐 2 + 𝐶𝐶1 ℎ𝑐𝑐 + 𝐶𝐶2 ℎ𝑐𝑐 1/2 + 𝐶𝐶3 ℎ𝑐𝑐 1/4
+ 𝐶𝐶4 ℎ𝑐𝑐 1/8 + 𝐶𝐶5 ℎ𝑐𝑐 1/16

Equation 2.6

For a perfectly sharp tip, the coefficients 𝐶𝐶1 through 𝐶𝐶5 are zero and 𝐶𝐶0 is 24.5, i.e., 𝐴𝐴 =

24.5ℎ𝑐𝑐 2 . However, in reality, 𝐶𝐶1 through 𝐶𝐶5 take various values to describe the bluntness. A

series of indentations on a standard sample (e.g., fused silica) with different ℎ𝑐𝑐 ’s are required to

determine these coefficients.
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Besides nanoindentation, this system allows for acquisition of topographical images as well.
The scanning probe microscopy (SPM) is used, where the probe (indenter tip) is scanned over the
sample at a sufficiently small load to avoid wear or plastic deformation on the sample. SPM images
are especially useful for deciding areas of interest for further testing, including piezo-automated
nanoindentation and dynamic modulus mapping, which will be discussed in the next section.

2.2.2 Dynamic Modulus Mapping
Similar to SPM imaging, dynamic modulus mapping (DMM) involves a traversing probe,
which scans over the sample surface, but a sinusoidal load function is continuously applied to
induce an elastic response from the sample. In light of this, appropriate set point load and load
amplitude are needed such that they generate displacement amplitudes of 1 – 2 nm to achieve
optimal accuracy and to avoid plastic deformation. For the NbVZr alloy in Chapter 5, the set point
load is set constant at 2 μN, and load amplitude is adjusted in the range of 2 – 6 μN to obtain the
desired displacement amplitude. The load frequency is 200 Hz.
Instead of directly measuring the elastic properties at prescribed positions in nanoidentation,
DMM system continuously collects the displacement amplitude and phase shift throughout the
mapping process, which are used to calculate the storage stiffness (𝑘𝑘 ′ ) and loss stiffness (𝑘𝑘 ′′ ) using
Equation 2.7 and Equation 2.8, respectively:
𝑘𝑘 ′ =

𝐹𝐹𝐷𝐷 cos 𝜑𝜑
+ 𝑚𝑚 𝑇𝑇 𝜔𝜔2 − 𝑘𝑘 𝑇𝑇
𝑑𝑑𝐷𝐷
𝑘𝑘 ′′ = 𝜔𝜔𝐶𝐶𝑠𝑠
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Equation 2.7
Equation 2.8

where 𝐹𝐹𝐷𝐷 is the dynamic load, 𝑑𝑑𝐷𝐷 is the dynamic displacement, 𝜑𝜑 is the phase shift between

the load and the displacement, 𝑚𝑚 𝑇𝑇 and 𝑘𝑘 𝑇𝑇 are the transducer’s mass and stiffness, 𝜔𝜔 is the

frequency, and 𝐶𝐶𝑠𝑠 is the sample damping. Since low loads are typically used in the DMM

measurements, the diamond Berkovich tip can be considered spherical with a radius of curvature,
𝑟𝑟 , and the storage modulus, analogous to reduced modulus in nanoindentation, can be readily
calculated based on Hertzian contact theory, as shown in Equation 2.9,

𝐸𝐸𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠

=�

𝑘𝑘 ′ 3
6𝐹𝐹𝐷𝐷 𝑟𝑟

Equation 2.9

The parameter 𝑟𝑟 is 100 – 200 nm and needs to be routinely measured on standard samples.
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Chapter 3: Exploration of Microstructure
and Mechanical Property Variations in
AlxCoCrFeNi Alloy Libraries
This section is largely adapted from the paper that has been published in Intermetallics [1]: M. Li,
J. Gazquez, A. Borisevich, R. Mishra, K.M. Flores, Evaluation of microstructure and mechanical
property variations in AlxCoCrFeNi high entropy alloys produced by a high-throughput laser
deposition method, 95 (2018) 110-8. I synthesized the alloy library, performed the XRD, SEM,
EDS, and nanoindentation experiments, collected the data, analyzed the experimental data, and am
the main contributor of the manuscript. J Gazquez, A. Borisevich and R. Mishra carried out the
STEM and EELS experiments at Oak Ridge National Laboratory. K.M. Flores wrote part of the
manuscript and provided edits and revisions.

3.1 Introduction
The compositional complexity of MPEAs is often combined with a surprising simplicity in
the crystal structure, including disordered face centered cubic (FCC), body centered cubic (BCC),
and hexagonal close packed (HCP) structures [2]. Although the formation of single-phase MPEAs
is thought to result from the competition between the enthalpy of formation of intermetallic
compounds and entropy of mixing of the large number of components in the alloy, identifying
alloys which form these relatively simple structures within the vast multicomponent composition
space presents a significant challenge. To address this, in the present work we apply a highthroughput laser deposition method [3, 4] to efficiently create compositional libraries in the
AlxCoCrFeNi system. Compositional trends in microstructure and mechanical behavior are then
evaluated.
Among the most studied systems, Al-transition metal MPEAs such as AlxCoCrFeNi and
AlxCoCrCuFeNi, have been found to have superior high-temperature strength as well as wear and
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oxidation resistance [5-7]. The unexpected properties beyond the capabilities of the constituent
elements can be attributed to the presence of multiple principal elements, which are believed to
induce in a range of complex effects, including lattice distortion and sluggish diffusion [8].
AlxCoCrFeNi has been shown to transition from FCC to BCC with increasing Al content [9-13],
making it of particular interest for a study of microstructural effects on properties.
Conventionally, to investigate phase formation and microstructure of complex metallic alloys,
researchers adopt a serial approach to prepare separate samples of each composition of interest,
typically via casting, melt spinning or powder metallurgy techniques. This requires significant
investment of time and resources. Laser-aided direct metal deposition provides a way to produce
extensive alloy libraries with much greater efficiency. The energy provided by the laser creates a
melt pool on the surface of a substrate, which can be a pure substance or pre-alloyed. A metallic
powder stream, either composed of a single type of metal [14] or metallic powder blends [4, 9, 13,
15-19], is then delivered to the melt pool to alloy the material. By varying the powder composition
and feed rate, a wide range of compositions can be created on a single substrate. In this work, we
apply this methodology to AlxCoCrFeNi. Using the laser-processed alloy libraries, the evolution
of the microstructure is characterized by X-ray diffraction and electron microscopy, and
mechanical properties are measured via nanoindentation. The results are generally in good
agreement with those obtained from a serial casting approaches reported in the literature, while
requiring significantly less time to produce. This demonstrates the feasibility of applying the highthroughput methodology to the design of complex crystalline alloys.
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3.2 Materials and Methods
An equiatomic CoCrFeNi substrate was prepared using arc melting and casting. Raw
materials with purity greater than 99.9 wt. % were melted together in an argon atmosphere. The
resulting ingot was flipped and remelted at least 5 times on the water-cooled copper hearth to
improve homogeneity prior to casting into a copper mold to produce a 25 mm × 25 mm × 4.5 mm
plate.
Compositional libraries were prepared using an Optomec MR-7 LENSTM system. Twentyfive 2 mm × 2 mm patches on the substrate surface were alloyed with varying amounts of
aluminum powder. The library had a total size of 14 mm × 14 mm. In the Laser Engineered Net
Shaping (LENSTM) process, the laser creates a melt pool on the substrate surface, into which a
stream of the alloying powder is directed. The laser and powder stream raster over the surface to
create a layer; subsequent layers may be added to create a three-dimensional deposit if desired. In
the present experiments, the laser power and travel speed during deposition were held constant at
150 W and 12.7 mm/s (30 in/min), respectively, while the Al powder feed rate increased from 0.8
to 3.3 rpm in increments of 0.1 rpm for each single-layer patch. Each patch consisted of 5 laser
tracks with approximately 25% overlap. The patches were remelted twice perpendicular to the
deposition direction at a laser power of 200 W to improve mixing and compositional homogeneity
of the alloyed region. The entire deposition process to create the compositional library of 25
patches was completed in less than 15 minutes. The surface of the library was then cleaned, ground,
and polished for microstructural characterization. Since all the alloys in the library were located
43

on a single substrate, surface preparations and sample characterizations could be easily done as
well.
The crystal structure of each patch was characterized via X-ray diffraction (XRD) with a
Rigaku D-MAX/A diffractometer with Cu-Kα radiation operating at 35 kV / 35 mA. Because the
spot size of the X-ray beam on the sample surface was larger than the 2 mm x 2 mm square patches,
a plexiglass mask with a tapered circular aperture (minimum diameter 2 mm) was employed to
block the signal from the surrounding material, enabling each patch to be isolated for
characterization. The diffraction signal from the mask was normalized and subtracted from the
XRD patterns.
The microstructures of the patches were characterized using a JEOL JSM-7001FLV field
emission scanning electron microscope (SEM) equipped with an Oxford HKL electron
backscattered diffraction (EBSD) detector. To most efficiently characterize the alloy library, all of
the SEM and related observations were performed in the plan view, i.e., perpendicular to the
substrate surface, rather than in cross section. The compositions of the patches were measured
using an Oxford INCA Energy 350 Si (Li) energy dispersive X-ray spectroscopy system (EDS) on
the SEM. For each sample, random points in 5 different grains were evaluated.
In order to evaluate the effect of composition on mechanical properties, the hardness and
elastic modulus of each patch were measured using a Hysitron TI 950 Triboindenter equipped with
a diamond Berkovich indenter tip. Nanoindentation was performed on the polished plan view
surface at a loading and unloading rate of 600 μN/s up to a maximum load of 3000 μN. Four
44

indents were performed on each patch or, when possible, within each phase of interest, with a
spacing of at least 20 mm between indents. Load-displacement data was continuously captured
and used to determine the modulus, E, and hardness, H, using the method described by Oliver and
Pharr [20] and assuming a constant value of Poisson’s Ratio of 0.25 for AlxCoCrFeNi.
Finally, detailed scanning transmission electron microscopy (STEM) was performed for a
selected composition using a Nion UltraSTEM 200 microscope, operating at 200 kV and equipped
with a fifth-order Nion aberration corrector and a cold-field emission gun. Due to the destructive
nature of STEM specimen preparation, an Al0.62CoCrFeNi specimen was prepared separately from
the main compositional library, using the same LENS parameters outlined above. The patch used
for the STEM analysis was 2 mm × 5 mm. The STEM specimen was prepared using conventional
grinding, polishing and ion milling methods. High angle annular dark field (HAADF) Z-contrast
imaging was performed using a probe convergence angle of 30 mrad and an annular dark-field
detector with an inner angle larger than 86 mrad. Electron energy loss spectroscopy (EELS) maps
were collected with a Gatan Enfinium EEL spectrometer in the STEM using a collection semiangle of 33 mrad with a dwell-time of 0.2 sec/pixel. To reduce random noise in the EELS maps,
principal component analysis (PCA) was performed.

3.3 Results
The range of Al powder feed rates and processing conditions used in these experiments
resulted in 21 distinct AlxCoCrFeNi alloys with Al contents that vary from x = 0.15 to 1.32 (3.73
– 24.78 at. % Al). The Al fraction increases linearly with the powder feed rate, as shown in Figure
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3.1, indicating that the feed rate can be calibrated for use as a reasonable indicator for the final
composition. In the remaining discussion, the alloy compositions will be identified by the
stoichiometric subscript value x.

Figure 3.1. The composition range of the laser deposited AlxCoCrFeNi alloy library, as a function of the
powder feed rate, determined by EDS. Each point corresponds to the average of four measurements within
the deposited patch. Error bars indicate the standard deviation. The observed FCC, BCC/B2, and multiphase regimes are indicated.

As expected, the crystal structure of AlxCoCrFeNi depends on Al content, as described in
Table 3.1. The X-ray diffraction patterns of 7 selected compositions are shown in Figure 3.2. Peaks
corresponding to FCC, BCC, and ordered B2 crystal structures are identified. For low Al contents,
x ≤ 0.37, only the FCC structure is observed. The lattice parameter for FCC increases slightly from
3.59 Å (x = 0) to 3.61 Å (x ≥ 0.69). A disordered BCC structure appears at x = 0.41, with a
superlattice peak corresponding to an ordered B2 phase appearing when x ≥ 0.52. The superlattice
peak shifts with increasing Al content, from 2θ = 30.56° for x = 0.52 to 2θ = 31.30° for x = 1.16,
corresponding to a decrease in the B2 lattice parameter from 2.92 to 2.85 Å with the Al addition.
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The lattice parameter of the disordered BCC structure remains constant at 2.88 Å. At the highest
Al contents examined, x = 1.16 and 1.32, the FCC peaks are no longer observed, and only the
BCC/B2 structure remains.

Table 3.1. Measured compositions and structures of 25 laser processed patches, and the nominal
compositions of the corresponding AlxCoCrFeNi alloy.
Measured Composition
Al
(at.%)

Co
(at.%)

Cr
(at.%)

Fe
(at.%)

Ni
(at.%)

Nominal
Composition

Phase
Structure

3.73±0.54

24.16±0.53 24.75±0.09 23.15±0.36 24.20±0.96 Al0.15CoCrFeNi

FCC

4.68±0.24

23.00±0.21 24.17±0.10 24.55±0.14 23.60±0.65 Al0.20CoCrFeNi

FCC

5.66±0.04

23.13±1.44 24.82±0.29 23.49±0.67 22.90±1.84 Al0.24CoCrFeNi

FCC

5.70±0.32

22.77±0.14 24.71±0.27 22.88±0.46 23.94±0.45 Al0.24CoCrFeNi

FCC

6.55±0.45

23.27±0.61 24.35±0.33 22.98±0.23 22.86±0.04 Al0.28CoCrFeNi

FCC

6.56±1.03

22.75±1.10 25.13±0.75 23.14±0.51 22.43±1.00 Al0.28CoCrFeNi

FCC

7.90±0.43

22.69±1.05 23.39±0.22 22.52±0.23 23.49±0.75 Al0.34CoCrFeNi

FCC

8.47±0.51

22.80±1.12 23.19±0.81 23.10±0.44 22.44±0.20 Al0.37CoCrFeNi

FCC

9.36±0.12

22.25±0.36 22.51±0.78 22.41±0.78 23.47±0.62 Al0.41CoCrFeNi

FCC+BCC

10.82±0.04 22.55±0.16 22.54±0.06 21.55±0.57 22.55±0.61 Al0.48CoCrFeNi

FCC+BCC

11.55±0.27 22.33±0.53 21.79±0.38 22.03±0.99 22.29±0.28 Al0.52CoCrFeNi FCC+BCC/B2
11.83±0.16 20.32±0.27 21.92±0.98 21.83±1.86 22.18±0.61 Al0.54CoCrFeNi FCC+BCC/B2
14.79±0.08 20.87±0.39 22.02±0.21 21.49±0.96 20.84±0.67 Al0.69CoCrFeNi FCC+BCC/B2
14.79±0.78 20.32±0.27 22.70±0.33 21.65±0.67 20.55±0.32 Al0.69CoCrFeNi FCC+BCC/B2
15.03±1.29 20.57±0.80 21.80±0.78 21.67±0.38 20.95±0.84 Al0.71CoCrFeNi FCC+BCC/B2
16.36±0.87 21.12±0.35 21.18±0.37 21.80±0.57 19.55±0.52 Al0.78CoCrFeNi FCC+BCC/B2
17.09±0.36 20.25±0.80 21.48±0.78 20.59±0.36 20.61±0.57 Al0.82CoCrFeNi FCC+BCC/B2
17.12±0.38 20.31±0.33 21.46±0.67 20.72±0.30 20.40±0.32 Al0.83CoCrFeNi FCC+BCC/B2
17.45±1.01 20.30±0.81 21.27±0.78 20.86±0.36 20.13±0.57 Al0.85CoCrFeNi FCC+BCC/B2
17.63±1.24 20.22±0.90 21.21±0.79 20.73±0.39 20.22±1.19 Al0.86CoCrFeNi FCC+BCC/B2
18.75±0.17 20.69±0.39 20.04±0.21 19.84±0.96 20.67±0.67 Al0.92CoCrFeNi FCC+BCC/B2
20.98±0.21 19.87±1.45 19.87±1.17 19.73±1.18 19.55±1.34 Al1.06CoCrFeNi FCC+BCC/B2
20.97±0.12 19.33±0.06 19.46±0.99 19.81±0.38 20.42±0.29 Al1.06CoCrFeNi FCC+BCC/B2
22.44±0.37 19.71±0.13 18.96±0.12 19.18±0.17 19.71±0.55 Al1.16CoCrFeNi

BCC/B2

24.78±1.18 19.40±0.80 18.54±0.78 18.45±0.38 18.82±0.84 Al1.32CoCrFeNi

BCC/B2
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Figure 3.2. X-ray diffraction data for selected AlxCoCrFeNi patches within the alloy library. An FCC
structure is observed at low Al contents. With increasing Al content, a disordered BCC structure (x = 0.41)
and ordered B2 structure (x = 0.52) form. The FCC structure is no longer observed for x ≥ 1.16.

For all of the compositions investigated, laser processing resulted in high aspect ratio
microstructural features elongated to the direction of the laser path, with feature lengths up to 100
μm and widths on the order of tens of microns. Figure 3.3 and Figure 3.4 show the evolution of
the laser-processed microstructures with increasing Al content in more detail. For aluminum
contents up to x = 0.37, the microstructure of the single FCC phase is very uniform, without
evidence of any compositional fluctuations or segregation (Figure 3.3a). A second phase becomes
apparent at x = 0.41, as seen in Figure 3.4a, where a lighter boundary-phase creates a “cellular”
structure surrounding the darker majority phase. EBSD results shown in Figure 3.4c indicate that
this new phase is BCC, consistent with the XRD results. (Regions with the B2 structure could not
be differentiated from the BCC.) The orientation map shows that the cellular structures are
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arranged in colonies of the same orientation, with the BCC phase occurring both within and at the
edges of the colonies. As the Al content increases, the areal fraction of the BCC/B2 structure
increases linearly from 11.1% at x = 0.41, to 21.5% at x = 0.48, 23.4% at x = 0.52 and 26.1% at x
= 0.54. An EDS line scan across the cellular features in an alloy with x = 0.41, shown in Figure
3.5, indicates that the BCC/B2 boundary phase is enriched in Al.
The BCC/B2 structure becomes the dominant phase when x = 0.69. At this composition,
secondary electron imaging, shown in Figure 3.4d, reveals a mottled grain structure consisting of
dendrites surrounded by cell-like walls. These variations are also apparent at higher Al contents
using electron backscatter imaging, as shown in Figure 3.3c and Figure 3.3d. Figure 3.3e shows
the interior of the dendrites at x = 1.16 in greater detail, revealing spherical particles embedded in
the matrix. Figure 3.3f, obtained from the interdendritic region for the same composition, shows a
weave-like structure typical of spinodal decomposition, consistent with prior observations [18].
Figure 3.4e and Figure 3.4f show the EBSD results for x = 0.69. The grains are uniformly BCC/B2,
with a small amount (approximately 3.6% area) of the FCC phase present along the grain
boundaries.
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Figure 3.3. Scanning electron micrographs of the microstructural evolution of the laser processed
AlxCoCrFeNi alloys with increasing Al content. Secondary electron images of the predominantly FCC
structures are shown for (a) x = 0.37 and (b) x = 0.52. Note the appearance of the lighter BCC/B2 phase in
(b), forming cell wall-like structures within the main FCC dendrites. Backscattered electron images of the
predominantly BCC/B2 structures are shown for (c) x = 0.83 and (d) x = 1.16. Again, a dendritic/cell walltype structure is apparent within the grains. Secondary electron images taken (e) within the dendrites and
(f) within the interdendritic walls for x = 1.16 show that both regions are dual phase. Spherical nanoparticles
are observed within the dendrites, while the interdendritic walls exhibit weave-like structures characteristic
of spinodal decomposition.
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Figure 3.4. Scanning electron micrographs comparing (a-c) primarily FCC Al0.41CoCrFeNi and (d-f)
primarily BCC/B2 Al0.69CoCrFeNi. (a, d) Secondary electron images; (b, e) corresponding EBSD crystal
orientation maps; (c, f) corresponding phase maps. Note that the B2 structure could not be differentiated
from BCC in the EBSD maps. For low Al contents, the dendrites are FCC and the interdendritic regions are
BCC, while at higher Al contents, both the dendrites and interdendritic regions are BCC/B2, and the retained
FCC phase is primarily found at the grain boundaries.
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Figure 3.5. Scanning electron micrograph with an overlaid EDS line scan across the FCC/BCC boundaries
in Al0.41CoCrFeNi, showing compositional segregation into Al-depleted FCC dendrites and Al-enriched
BCC regions along the boundaries.

To further investigate the BCC/B2 structure, we performed atomic-scale characterization
using STEM imaging and EELS. The composition library was supplemented with an additional
laser processed specimen (x = 0.62) sacrificed for STEM analysis. Figure 3.6a shows a HAADF
Z-contrast STEM image and corresponding diffraction patterns obtained using Fourier
transformation of the selected region of the image. The BCC and B2 lattices are coherent at this
Al content. EELS maps reveal strong compositional segregation between the two
microconstituents, as shown in Figure 3.6b. The B2 microconstituent is enriched in Al, Co and Ni,
while the BCC is enriched in Fe and Cr. We did not observe any FCC phase in the small volume
of material characterized in STEM, which confirms the small fraction (approximately 3.6 %) of
FCC phase as obtained from XRD analysis and their strong spatial inhomogeneity with a tendency
to segregate to grain boundaries based on the EBSD results.
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Figure 3.6. (a) HAADF Z-contrast STEM image of Al0.62CoCrFeNi, showing phase separation into
coherent BCC and B2 regions. The zone axis is [120]. (b) EELS mapping of Al0.62CoCrFeNi and
corresponding ADF images, showing elemental segregation as heat maps for each element. In comparison
to the disordered BCC phase, the ordered B2 structure is rich in Al, Ni and Co but depleted in Cr and Fe.

Several prior studies of AlxCoCrFeNi have examined the bulk mechanical properties [9, 11,
12, 17, 18], as well as the nanoindentation hardness and modulus for a limited number of
compositions [19, 21, 22]. In the present work we use the localized nature of nanoindentation to
measure the elastic modulus and hardness of the FCC and BCC/B2 phases individually with
increasing Al content over the entire compositional library. The results are presented in Figure 3.7.
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Note that, although both FCC and BCC/B2 structures are observed over a wide composition range
(denoted by the dotted boundaries in the plot), the small dimensions of the FCC regions for x >
0.54 precluded isolating those regions for nanoindentation. However, independent measurements
of both phases were made for x = 0.48, 0.52, and 0.54. Both the hardness and modulus are observed
to increase linearly with increasing Al content in the FCC structure, while both remain reasonably
constant with increasing Al content in the BCC/B2 structure. Data from the FCC-only (low Al
content) and BCC/B2-only (high Al content) composition regions are consistent with the trends
observed within the FCC + BCC/B2 region.

Figure 3.7. (a) Elastic modulus and (b) hardness measured via nanoindentation of the FCC and BCC/B2
structures in the AlxCoCrFeNi compositional library, as a function of the nominal stoichiometric fraction
of Al in each library patch. Each point represents the average of four measurements. Error bars represent
the standard deviation. Dashed lines indicate the composition ranges where the microstructure is
predominantly FCC (low x), predominantly BCC/B2 (high x), and multiphase.

3.4 Discussion
Several studies of AlxCoCrFeNi have noted that the system transitions from FCC to a BCC/B2
structure with increasing Al content, with both phases forming over an intermediate composition
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range. The majority of these studies have adopted a serial casting approach. Kao et al. [12]
examined 10 compositions ranging x = 0 – 2. They observed a single FCC phase for x ≤ 0.34, two
phase structures (FCC + BCC) for 0.57 ≤ x ≤ 0.71, and a single BCC phase for x ≥ 0.77. Similarly,
Wang et al. [11] examined 13 compositions over the x = 0 – 2 range. They observed a single FCC
phase for x ≤ 0.4, the addition of the BCC phase at x = 0.5, and the development of B2 at x = 0.7.
Only the BCC/B2 structure was observed for 0.9 ≤ x ≤ 2.0. Ma et al. [18] examined 6 compositions,
x = 0.41 – 1.33, and observed a “minor” amount of BCC phase in an FCC matrix at x = 0.41, the
appearance of B2 at x = 0.57, and a BCC/B2 matrix with “minor” amounts of FCC at x = 0.74.
Only the BCC/B2 structure was observed for x ≥ 0.92. Fewer studies have been performed using
laser-processing methods, with most only examining a small number of compositions [9, 10, 13,
16, 17]. Joseph et al. [9] deposited metallic powder blends of 3 compositions, and found single
phase FCC at x = 0.3, FCC + BCC/B2 at x = 0.6, and BCC/B2 at x = 0.85. Chao et al. [10] laser
cladded coatings of the same compositions and observed the FCC phase to still be present at x =
0.85. Laser processing studies of the equiatomic AlCoCrFeNi only observed the BCC/B2 structure
[13, 16, 17].
The 25 patches in the present laser-deposited compositional library include 21 distinct
compositions over the range x = 0.15 – 1.32, providing the opportunity to examine the structural
transitions in greater detail. Under the laser processing conditions used here, the BCC phase is first
observed to precipitate from the FCC matrix at x = 0.41, consistent with the prior results, as Al is
rejected from the FCC dendrites (Figure 3.5). Note that the BCC/B2 is found at FCC grain
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boundaries as well as within the grains, as shown in Figure 3.4. The B2 phase is first observed at
x = 0.52, again consistent with both Ma et al. (who did not consider x values between 0.41 and
0.57) and Wang et al. (who did not consider x values between 0.5 and 0.7). The precipitation of
the ordered B2 structure from the disordered BCC phase with increasing Al content is due to the
larger negative bond enthalpies for Al-Ni (–22 kJ/mol) and Al-Co (–19 kJ/mol), in comparison
with those for Al-Cr (–10 kJ/mol) and Al-Fe (–11 kJ/mol) [23]. This compositional segregation is
apparent in the STEM-EELS data presented in Figure 3.6, where the B2 region is enriched in both
Ni and Co and depleted in Cr and Fe compared with the BCC.
The FCC phase is still present in the laser-processed alloys at x = 1.06 (21 at. % Al), 2 – 5
at.% Al higher than the earlier studies. The retained FCC phase is most likely the result of
compositional fluctuations associated with the inherent sluggish diffusion in MPEAs, as well as
the high quench rate under laser processing conditions, which are not observed in the casting
techniques used in the prior studies. While the FCC phase is still observed in the XRD data at these
higher Al contents, it is only present in small amounts; recall that only 3.6% of the microstructure
was identified as FCC at x = 0.69 (Figure 3.4b). This latter observation is consistent with Ma et
al.’s observation of a “minor” amount of FCC at x = 0.74. Furthermore, the FCC phase is only
found at isolated positions along the high-angle twist and tilt BCC/B2 grain boundaries, where the
more open structure may enable the FCC lattice to accommodate additional Al.
Several authors have examined the ability of various simple parameters to predict phase
stability in MPEAs. Guo et al. [24] compared the valence electron concentration, VEC, the atomic
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size mismatch, 𝛿𝛿, and the electronegativity difference, Δ𝜒𝜒, for several MPEAs (although notably,
not AlxCoCrFeNi), and concluded that VEC provided the best indication of the stability of the

BCC and FCC phases. Based on empirical observations, they proposed that FCC would be the
only phase present for VEC ≥ 8.0, and the BCC/B2 structure would be the only phase for VEC <
6.87. Intermediate VEC values would include a mixture of the two phases. These three parameters
are calculated for the compositions in the present work (using the definitions and elemental values
found in Guo et al. [24]) and compared with those for the compositions examined in the prior
studies in Figure 3.8 [9-12, 16, 18]. While the two-phase regime sits within Guo et al.’s predicted
range, all 4 sets of data exhibit narrower FCC+BCC/B2 ranges than predicted. The two-phase
regime in the present work spans the widest composition range (as discussed above), most closely
approaching Guo et al.’s prediction. This is quite surprising, given the highly non-equilibrium
cooling of the laser processed material.
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Figure 3.8. Correlation of FCC and BCC/B2 phase formation with (a) valence electron concentration, (b) %
difference in atomic size, and (c) electronegativity difference, as defined in [24], for the laser processed
AlxCoCrFeNi alloys in the present compositional library, compared with the cast alloys investigated in other
work [11, 12, 18].

The laser-processed library provides the opportunity to study mechanical property variations
with composition in detail via nanoindentation. Furthermore, the localized nature of
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nanoindentation measurements allows us to consider the FCC and BCC/B2 structures
independently, including within the two-phase regime. As shown in Figure 3.7a, the modulus for
the BCC/B2 structure was insensitive to the Al content, with an average value of 187 GPa. This is
consistent with the value reported for x = 1.5 [19] but is low compared with the value of 230 GPa
for x = 1 reported elsewhere [22]. The modulus of the FCC structure exhibits an increasing trend,
ranging 150 – 223 GPa in the present work. While the limited number of moduli values reported
in the literature for low Al contents increase more slowly and are somewhat higher than those
observed here [19, 22], the reported range is again broadly consistent with the current
measurements.
Some variation in the modulus may be expected due to differences in the orientation of the
crystals being indented (which was not characterized here). However, one would expect
orientational effects to result in increased variability within each composition, rather than the
observed linear trend with Al content. The increasing trend in the modulus with addition of less
stiff Al at low Al content, disobeying the rule of mixtures, may be attributed to Al’s high electron
density in the outermost shell and correspondingly high Fermi level. Al tends to transfer electrons
to the transition metals, leading to a stronger atomic binding force for Al-TM bonds than TM-TM
[25], as evidenced by bond-shortening and larger interatomic potentials [26, 27], and thus
increasing the bond stiffness. Although the lattice parameter of the FCC phase was observed to
increase by 0.5%, from 3.59 Å (x = 0) to 3.61 Å (x ≥ 0.69), which should reduce the modulus, it
increases far more slowly than the average of the atomic radii of the components (which increases
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by 2.2%), especially at low Al concentration. On balance, the increasing bond stiffness and more
slowly increasing bond length results in an overall increase of the FCC elastic modulus with Al
content.
Prior studies have also measured the variation in the hardness and compressive deformation
behavior of AlxCoCrFeNi with Al content [9, 12, 17-19, 22]. The BCC/B2 structure is generally
found to have higher hardness and strength than the FCC phase, due to the reduced number of
dislocation slip systems in the BCC/B2 structure. While only a limited number of compositions
have been characterized in the literature, prior nanoindentation measurements indicate that the
hardness increases significantly with Al content. Tian et al. indicated that the hardness of cast
AlxCoCrFeNi increases from approximately 3 GPa at x = 0.3 to almost 9 GPa at x = 1 [22],
consistent with the data shown in Figure 3.7b. This agreement is somewhat surprising, since one
would expect that the rapid quenching inherent to laser processing would result in significant
thermal stresses, which in turn should cause a shift in the hardness values. Tian et al. also noted
that AlxCoCrFeNi exhibits significant strain rate sensitivity; the present measurements were
performed at the same loading rate as that work. Other nanoindentation [19] and microhardness
[12, 17, 18] measurements revealed somewhat lower hardness values for both phases, potentially
due to the use of a lower loading rate.
While the present results are generally consistent with those of Tian et al., the compositional
library permits a more detailed study of variations with composition. The nanoindentation hardness
of the FCC structure increases slightly with the amount of Al. This can be attributed to solid
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solution strengthening, as the addition of larger Al atoms increases the lattice distortion energy. In
contrast, the hardness of the BCC/B2 structure appears to be insensitive to the Al content, even
though the precipitation of the ordered B2 structure would be expected to increase the strength
relative to the disordered BCC phase. While the volume fraction of B2 may be expected to increase
with Al content, the coherency strain due to lattice mismatch goes through a minimum, with the
B2 phase switching from a state of compression to tension relative to the BCC at approximately x
= 0.9; the low coherency strain at intermediate compositions reduces the effectiveness of
precipitation strengthening. Different B2/BCC morphologies are also observed, even within a
single composition as shown in Figure 3.3e and Figure 3.3f, further complicating the analysis. This
combination of several competing factors apparently results in the nearly constant hardness of the
BCC/B2 structure with Al content. More work is required to compare the behavior of the different
morphologies and, if possible, develop microstructural design strategies that will enhance the
performance.

3.5 Conclusions
Microstructural and mechanical property variations in the AlxCoCrFeNi system were
successfully characterized using a high-throughput laser deposition-based fabrication technique.
While the laser processed FCC phase was retained at higher-than-expected Al contents, resulting
in a wider multiphase (FCC + BCC/B2) compositional range, the observed microstructures were
quite consistent with those reported in the literature for serially cast materials. The moduli and
hardness, obtained via nanoindentation over the entire composition range, were also in very good
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agreement with the limited number of reported measurements for cast materials obtained under
similar loading conditions. This remarkable consistency between the cast and laser-processed
microstructures and properties over a wide compositional range demonstrates that the highthroughput, laser deposition-based synthesis technique may be applied to the study of complex,
multicomponent crystalline alloys, and that the structure and properties of the resulting
compositional libraries are representative of materials prepared by conventional methods. By
dramatically reducing the synthesis time to on the order of a minute per composition, this method
has the potential to rapidly accelerate the rate at which the most promising compositions can be
identified and refined, prior to bulk-scale preparation and testing.
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Chapter 4: A High-Throughput Investigation
of Microstructure-Processing-Property
Relationships in MPEAs
This section is largely adapted from the paper that has been published in Journal of Alloys and
Compounds [1]: M. Li, K.M. Flores, 2020. Laser processing as a high-throughput method to
investigate microstructure-processing-property relationships in multiprincipal element alloys, 825
(2020)154025. I am the major contributor of the manuscript. K.M. Flores edited the manuscript
prior to submission and provided general guidance as the principal investigator of the work.

4.1 Introduction
Arc-melting and casting are frequently used fabrication methods for MPEAs, followed by a
variety of homogenization treatments [2-5]. Fully characterizing the relationship between structure
and processing via such serial casting and heat treatments requires the investment of significant
time and resources. As a result, there are relatively few MPEA studies dedicated to tailoring
processing and microstructures. Only a few cooling rate-controlled microstructural studies have
been performed on MPEAs via Bridgman solidification [6-8]. An efficient method for producing
and characterizing a wide range of microstructures could dramatically accelerate the design of
these compositionally complex materials.
In this study, continuously graded compositional libraries of AlxCoCrFeNi are fabricated with
the Laser Engineered Net Shaping (LENSTM) process. Microstructural variations within a single
library are achieved by controlling the laser power and travel speed during processing. The
crystalline structure, microstructure and mechanical properties are characterized as a function of
composition and processing condition and are compared with cast materials [9]. Using this high65

throughput methodology, the processing-microstructure-property relationship in this MPEA is
established.

4.2 Materials and Methods
Raw materials including cobalt, chromium, iron and nickel (purity ≥ 99.95 wt. %) were arcmelted in a water-cooled copper hearth using a tungsten electrode under an argon atmosphere, to
produce ten equimolar alloy buttons. Each button was flipped and remelted at least 5 times to
improve compositional homogeneity. The buttons were then melted together and cast into a copper
mold to produce a 20 mm × 12 mm × 4 mm plate. The plate was ground with 400 grit SiC paper
and cleaned with methanol.
Three compositionally graded alloy libraries were prepared using an Optomec MR-7 LENSTM
system. For each library, a 200 W laser traveling at 12.7 mm/s was used to create a melt pool on
the surface of the CoCrFeNi substrate. Gas-atomized aluminum powder (Alfa-Aesar) with a
reported purity of 99.5% (metals basis) was sieved to -100 +325 mesh, resulting in a powder size
range of 44 – 149 μm. The powder was deposited into the melt pool in 21 overlapping parallel
lines spaced 0.5 mm apart, to form a single-layer, 19.05 mm × 10.16 mm patch, as shown in Figure
4.1a and Figure 4.1b. Each track overlapped the previous track by approximately 25%. A
continuous Al-content gradation was achieved by incrementally increasing the powder feed rate
from 2.5 to 4.5 rpm over the span of the 21 parallel lines.
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Figure 4.1. In this schematic of the microstructural library fabrication process, (a) aluminum powder is
deposited as the laser and powder nozzles traverse in 21 parallel, overlapping lines oriented in the x
direction. (b) Increasing the powder feed rate in each sequential line produces a patch of alloyed material
with the desired compositional gradient in the y direction. (c) The library is then remelted by the laser
moving the in y direction, parallel to the Al concentration gradient. (d) Several well-spaced remelt lines
are created using different combinations of laser power and travel speed to produce the desired range of
quench rates.

To produce microstructural variations, a total of 11 remelt lines, oriented parallel to the
composition gradient and spaced at least 4 mm apart, were then remelted using different
combinations of laser powers and travel speeds to achieve a desired range of quench rates, as
illustrated in Figure 4.1c and Figure 4.1d. These 11 lines were distributed over the 3 libraries, with
4 lines on two libraries, 3 lines on the third. The laser parameters for each line are shown in Table
4.1. The ratio of the laser travel speed to laser power, VL/PL, has been shown to correlate with the
quench rate in laser processing [10]; 𝑇𝑇̇ was evaluated via a 3D finite element analysis (ABAQUS)

[11] for each set of processing parameters, using experimentally derived thermal properties
obtained from the literature [12]. These calculated quench rates are included in Table 4.1.
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Table 4.1. Laser parameters used to prepare the microstructural library, and the corresponding calculated
cooling rates. To calculate the heat input, the laser spot size, d = 1 mm, is assumed to be constant with
laser power.
Travel
speed, VL
(mm/s)
38.1

Heat input,
Laser power, PL
𝑃𝑃
(W)
𝐿𝐿 = 𝐿𝐿 (J/mm2)
100

Cooling rate (K/s)
x = 0.56

x = 0.60

x = 1.00

2.62

6354

6402

5899

𝑉𝑉𝐿𝐿 𝑑𝑑

25.4

100

3.94

3472

3781

3805

38.1

150

3.94

4176

3488

4277

25.4

150

5.91

2479

2770

3393

12.7

150

11.8

1523

1589

1395

6.35

150

23.6

590

553

558

6.35

175

27.6

556

529

542

6.35

200

31.5

458

475

492

6.35

225

35.4

419

432

418

6.35

250

39.4

370

398

455

3.175

250

78.7

308

313

302

3 mm cast rod

48

48

48

4 mm cast rod

26

26

26

To expedite characterization of the alloy library, all of the microstructural measurements were
performed in the plan view, i.e., perpendicular to the substrate surface, rather than in cross section.
This saved time, since the samples did not need to be sectioned, and permitted the full range of
compositional and microstructural variations within a given library to be viewed in a single
microscopy session, on the same prepared surface. The top surfaces of the libraries were cleaned,
ground with up to 1200 grit SiC paper and finally polished with 0.02 μm colloidal SiO2 suspension.
Due to the strong dependence of the local cooling rate on the position relative to the free surface
[13], the amount of material removed by grinding and polishing was strictly controlled to be 0.25
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mm for all the remelt samples. When necessary to improve contrast during imaging, samples were
etched using an ethanol solution with 1.5 vol. % HNO3, 2.5 vol. % H2SO4, and 6 vol. % HCl.
The laser processed alloy microstructures were compared with a limited number of cast rods.
Alloys with compositions of interest were pour-cast into copper molds to produce 3 mm and 4 mm
diameter rods. The rods were cut in transverse sections from the middle of their length. The cooling
rates for the cast cylindrical rods were estimated to be similar to iron rods with the same
dimensions [14].
The microstructural variations along the centerline of each remelt line were characterized
using a field emission scanning electron microscope (SEM, JEOL JSM-7001FLV). Care was taken
to focus on the centerline and avoid imaging the heat affected zone along the edges of each
remelted track. The local composition at each position of interest within the library was obtained
using energy dispersive X-ray spectroscopy (EDS, Oxford Aztec Live X-Max Energy) on the SEM.
Electron backscatter diffraction (EBSD, Oxford Symmetry) was used to determine the crystal
structures of the observed phases.
To characterize the mechanical properties of the libraries, the microhardness of the alloys was
measured as a function of composition and cooling rate using a 136° Vickers diamond pyramid
(Leitz Miniload). The 200-gram load was applied for 17 seconds. At least 6 indents were made for
each composition and processing condition.
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4.3 Results
The powder feed rates employed in the present work resulted in AlxCoCrFeNi alloys with Al
contents of 11.28 – 23.78 at. % (x = 0.51 – 1.25), as is shown in Figure 4.2. Although the thermal
properties vary slightly with composition, for a given set of processing parameters, the finite
element analysis of the laser heating process estimated similar quench rates for the compositions
selected for the microstructural study, as shown in Figure 4.3.

Figure 4.2. The composition range of an AlxCoCrFeNi library determined by EDS, as a function of Al
powder feed rate and position relative to the edge of the library. Each point corresponds to at least 4
measurements on each remelt line. Error bars indicate standard deviation.
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Figure 4.3. Cooling rates for each alloy composition at 0.25 mm depth from the surface of the deposit,
calculated using a finite element model, as a function of the inverse heat input.

Consistent with the microstructural observations in Chapter 3 and other work in the literature
[15-18], at intermediate Al contents, AlxCoCrFeNi alloys have a duplex FCC+BCC microstructure.
As can be seen in Figure 4.4a through Figure 4.4c (x = 0.56, 𝑇𝑇̇ = 3472 K/s), cellular FCC crystals

are embedded in a BCC matrix. A similar microstructure was obtained for all quench rates at this
composition. This duplex structure is very sensitive to composition at higher quench rates, however.
For a slightly higher Al fraction of x = 0.60, very little FCC phase was observed for quench rates
exceeding 553 K/s, as shown in Figure 4.4d through Figure 4.4f. Detailed FCC+BCC
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microstructural evolution with cooling rate is shown in Figure 4.5. Based on SEM image contrast
and EBSD, the BCC fraction was plotted against quench rate in Figure 4.6.

Figure 4.4. Backscattered electron micrographs and their corresponding inverse pole figures and phase
maps of (a-c) Al0.56CoCrFeNi processed at a cooling rate of 3472 K/s and (d-f) Al0.60CoCrFeNi processed
at a cooling rate of 3781 K/s. Note that the slight increase in Al content destabilizes the formation of the
FCC phase at this cooling rate.
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Figure 4.5. The microstructural evolution with cooling rate for AlxCoCrFeNi. (a) A decreasing trend in
feature size with cooling rate for all the compositions is seen. The data for each composition were fitted to
a power law relationship; fitting parameters are provided in Table 4.2.

Figure 4.6. The change in BCC fraction with cooling rate, as measured by the area fraction observed in
SEM and EBSD. For x = 0.56, BCC fractions are relatively constant; for x = 0.60, the structure transitions
to fully BCC at higher cooling rates.

73

Table 4.2. Fitting parameters describing the relationship between feature size and cooling rate, 𝜆𝜆 = 𝐴𝐴 ∙
𝑇𝑇̇ −𝑛𝑛 . Results from the present work are compared with other materials and processing techniques from
the literature [10, 19-22].

Source

Gündüz [19]
Kaya [20]
Katayama [21]
Bertoli [10]
Luo [22]

This work

A/μm

n

Material

Condition

DAS type

28.8

0.32

Al-0.1 wt.% Ti

33.9

0.29

Al-0.5 wt.% Ti

DS

CS

39.6

0.28

Al-2 wt.% Li

DS

CS

25

0.28

310SS (Steel)

Laser

80

0.33

N/A

0.33

316L (Steel)

Laser

CS

44.75

0.28

Mg-0.60 wt.% Gd

54.96

0.27

Mg-1.38 wt.% Gd

DS

CS

62.83

0.31

Mg-2.35 wt.% Gd

12.44

0.31

Al0.56CoCrFeNi

18.25

0.36

Al0.60CoCrFeNi

Laser

CS

14.66

0.35

AlCoCrFeNi

PDAS, CS
SDAS

PDAS/SDAS: primary/secondary dendrite arm spacing (dendrites with side branches), CS: cellular
spacing, DS: directional solidification.

At higher Al contents, the alloy also forms a cellular microstructure, however in this case both
the interior and walls of the cells contain coherent BCC and B2 phases (Chapter 3). Consistent
with prior work, the cell walls are enriched in Fe and Cr and have a woven BCC/B2 microstructure,
while the interior of the cells consists of dispersed spherical BCC nanoscale precipitates embedded
in the B2 matrix (Figure 3.3e).
Vickers microhardness data obtained for each combination of composition and cooling rate
is presented in Figure 4.7a. The BCC/B2 structure is generally observed to have a higher
microhardness than the FCC+BCC structure. The hardness of both microstructures increases with
cooling rate.
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Figure 4.7. Vickers microhardness, H, as a function of (a) cooling rate and (b) inverse square root of
microstructural feature size. Each data point corresponds to the average of at least 6 indents, and error
bars indicate the standard deviation. With increasing cooling rate, the hardness increases for both
structures. Notably, for x = 0.60 there is sudden increase in hardness values due to a change in the
dominant phase. The microhardness is fitted to a Hall-Petch relationship in (b).
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4.4 Discussion
4.4.1 Formation of the FCC + BCC Microstructure at Low Al Content
Cellular and dendritic solidification are associated with constitutional undercooling of the
liquid, which promotes the rapid, directional growth of small perturbations at the solid-liquid
interface. In general, during laser processing, different dendritic morphologies, from equiaxed, to
tree-like structures with secondary branches, to cellular, can be obtained depending on the
combination of the temperature gradient, G, and the velocity of the solid-liquid interface, R [23,
24]. It has been shown experimentally that R is on the order of the laser travel speed [25]. The
magnitude of the temperature gradient is a function of the laser heat input, which in turn depends
on both the laser power and travel speed; the gradient can be resolved into two vector components,
one parallel to laser travel direction, and the other normal to the substrate. The cellular
microstructure obtained in this study can be attributed to a high G, resulting in highly directional
growth, and moderate-to-low R, such that the transient secondary dendritic arms are given
sufficient time to fully ripen and form columnar cells. Because the region of observation is well
below the surface, at approximately the mid-thickness of the melt pool, the columnar cells are
primarily aligned perpendicular to the plane of deposited layer, as reported in [24]. In this case,
the cell growth direction is determined by both preferential crystallographic orientation as well as
the direction of heat flow, which is anti-parallel to G.
Finer cellular microstructures were observed with increasing quench rate. As shown in Figure
4.5a, the size of the cellular structures, λ, observed in the FCC+BCC microstructures varies
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inversely with quench rate according to a power law, 𝜆𝜆 = 𝐴𝐴 ∙ 𝑇𝑇̇ −𝑛𝑛 [26]. The fitting parameters, A

and n, are presented in Table 4.2 [10, 19-22], where they are compared with the values obtain from
the literature for a number of other alloys. Notably, the exponent n is approximately 1/3 for all of
the alloys surveyed, including non-MPEAs. That is, all of the materials show a similar sensitivity
to cooling rate, regardless of the compositional complexity of the alloy. Noting that the quench
rate within the melt zone, 𝑇𝑇̇, can be expressed as the product of G and R [24, 25, 27], models have

been proposed that relate the characteristic microstructural feature size to these parameters. Hunt
[28] and Kurz and Fisher [29] considered the effect of the dendrite tip shape on the stability and
spacing of the dendrite growth. Both models suggest that, in the high velocity limit, 𝜆𝜆 ∝
𝑚𝑚

𝑛𝑛

𝐺𝐺 −1/2 𝑅𝑅−1/4 , and a relationship of the form 𝜆𝜆 ∝ ( − )−1/2 (where m and n are constants) in
𝑅𝑅

𝐺𝐺

the low velocity regime. Others have reported that systems that adopt cellular structure with this
dependency can also be satisfactorily fitted with a 𝜆𝜆 ∝ (𝐺𝐺𝐺𝐺)−1/3 power law, for instance

aluminum [19, 30] and magnesium alloys [22]. While the power law exponent is very similar to
other systems and in general agreement with these models, the pre-factor of the power law
relationship, A, is much smaller for the MPEA compositions studied here, even in comparison to
other laser processed materials. This suggests slower growth kinetics, probably due to the
compositional complexity of the near-equiatomic liquid.
For x = 0.56, the BCC and FCC fractions are insensitive to cooling rate; only the size of the
FCC features changes. In contrast, for x = 0.60, high quench rates suppress the formation of the
cellular FCC features, most likely due to the slow diffusion of Al. Figure 4.6 shows the BCC area
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fraction in Al0.56CoCrFeNi and Al0.60CoCrFeNi as a function of quench rate. For x = 0.60, the BCC
fraction remains relatively constant at low quench rates, before a sudden jump to nearly 100%
BCC for cooling rates of greater than 553 K/s. The resulting structure is similar to the BCC/B2
structure observed at higher Al contents. The sensitivity of the formation of the FCC phase to the
Al content at high quench rate is most likely due to the severe lattice distortions associated with
the addition of Al, which has a large atomic radius relative to the other constituents, to the FCC
structure. This tends to stabilize the BCC/B2 structure, which has lower packing efficiency, and
prevent significant growth of the FCC phase at high quench rates. Notably, the x = 0.60 BCC/B2
microstructure solidifies into a fully woven spinodal microstructure, in contrast to the combination
of woven and nanoparticle structures described below for higher Al content. The lattice strain at x
= 0.60 is apparently high enough to destabilize the FCC structure, but insufficient to promote
significant coarsening of disordered BCC nanoparticles.
Microstructural and mechanical property variations in the AlxCoCrFeNi system were
successfully characterized using a high-throughput laser deposition-based fabrication technique.
While the laser processed FCC phase was retained at higher-than-expected Al contents, resulting
in a wider multiphase (FCC + BCC/B2) compositional range, the observed microstructures were
quite consistent with those reported in the literature for serially cast materials. The moduli and
hardness, obtained via nanoindentation over the entire composition range, were also in very good
agreement with the limited number of reported measurements for cast materials obtained under
similar loading conditions. This remarkable consistency between the cast and laser-processed
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microstructures and properties over a wide compositional range demonstrates that the highthroughput, laser deposition-based synthesis technique may be applied to the study of complex,
multicomponent crystalline alloys, and that the structure and properties of the resulting
compositional libraries are representative of materials prepared by conventional methods. By
dramatically reducing the synthesis time to on the order of a minute per composition, this method
has the potential to rapidly accelerate the rate at which the most promising compositions can be
identified and refined, prior to bulk-scale preparation and testing.

4.4.2 Formation of the BCC/B2 Microstructure at High Al Content
In contrast to the FCC+BCC microstructure at lower Al contents, at x = 1.00, both the cells
and interdendritic regions exhibit BCC/B2 structures. Although the image contrast between the
cells and matrix results primarily from a microstructural transition (Figure 3.6), from BCC
nanoparticles embedded in the B2 matrix within the cells to a woven spinodal sub-structure in the
matrix, this cellular growth is still driven by constitutional undercooling; compositional variations
between the cell interior and matrix have been reported elsewhere for both cast and laser-processed
materials [16, 31]. It is therefore reasonable that the cell size, λ, follows a similar power law
relationship as the FCC+BCC structure with n ~ 1/3. Surprisingly, both the low Al content (FCC
+ BCC structure) and high Al content (BCC/B2 structure) alloys have similar prefactors, A, for the
power law relationship (Table 4.2), again reflecting the small cell size at a given quench rate. This
insensitivity of the cell size to Al content, even for different crystal structures, suggests that the
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overall contributions of diffusivity, solute partitioning fraction, and freezing range to cell growth
rate do not change significantly over the Al content range investigated.

4.4.3 Microstructural Length Scale Effects on Mechanical Behavior
The Vickers microindention method used in this study produces indent sizes on the order of
25 – 40 μm, which is an order of magnitude larger than the microstructural features for all quench
rates considered in this work. Thus, the microhardness measurements are capable of capturing the
influence of length scale refinement within the microstructural library. There is an overall
increasing trend for hardness with quench rate for all of the compositions investigated. Notably, as
shown in Figure 4.7a, the x = 0.60 BCC/B2 structure obtained at higher cooling rates exhibits
hardness values comparable to the equimolar composition cooled at similar rates, which agrees
with the results in Chapter 3 showing that the nanoindentation hardness of the BCC/B2 structure
is relatively insensitive to the Al content.
As shown in Figure 4.7b, the microhardness follows a Hall-Petch relationship with cell size,
H = 𝑘𝑘 ∙ 𝜆𝜆−0.5 + H0 . Here, k is the Hall-Petch coefficient, which describes the material’s sensitivity

to grain boundary strengthening, and H0 is the material’s intrinsic hardness. These fitting

parameters are provided in Table 4.3 for the three compositions considered in this work. Compared
to the FCC+BCC cellular structure, BCC/B2 has higher intrinsic hardness because of the reduced
available dislocation slip systems relative to FCC, as we observed in the nanoindentation study of
this alloy in Chapter 3. The intrinsic hardness of the FCC+BCC dual phase structures increases
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slightly from x = 0.56 to x = 0.60, which can be attributed to the higher fraction of the BCC/B2
phase.
The Hall-Petch relationship has only been established for a limited number of MPEAs. These
studies have mainly considered single-phase FCC alloys, with the grain size controlled by different
Bridgman solidification conditions [8] or by different annealing time and temperature [5, 32-34].
Laser processing provides a way to quickly synthesize MPEA microstructural libraries and analyze
the structure-property relationship. Although the intrinsic rapid solidification may give rise to
thermal stresses, a relatively uniform shift is expected which should not affect the overall trend in
the behavior.
For the three compositions of interest in this study, the values of the Hall-Petch coefficient, k,
are quite similar, ranging 1.65 – 1.70. Wu et. al. [34] compared Hall-Petch coefficients of several
different nanocrystalline metals and found that BCC-structured metals generally have larger k than
FCC and HCP, due to a higher resolved shear stress required in BCC to operate a dislocation source
near the grain boundary if using the dislocation pile-up model [35]. However, for two-phase
materials, additional complexity can be anticipated. There are not only frictional stresses on the
boundaries between grains of the same phase, but also interphase boundary contributions to
hardness. Following Fan et. al.’s extension of Hall-Petch relationship to two-ductile-phase alloys
[36, 37], the non-intrinsic hardness of the dual phase alloy (referred to as the α and β phases) is the
summation of contributions from α-α and β-β grain boundaries as well as α-β interphase boundaries.
The strengthening effects from all kinds of boundaries are linearly additive; however, in terms of
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influence on the Hall-Petch coefficient, the friction on the α-β phase boundaries could have a larger
contribution. This is the case for the microstructural library in the current study, as shown in Table
4.3, where H0𝑐𝑐 is the overall intrinsic hardness, and 𝑘𝑘 𝑐𝑐 represents the overall Hall-Petch

coefficient, corresponding to the fitting parameters in Figure 4.7b. At x = 0 (from [34]) and x = 1
(this work), 𝑘𝑘 𝑐𝑐 results solely from FCC and BCC/B2 grain boundaries, respectively, i.e.,
𝑘𝑘 𝑐𝑐 |x=0 = 𝑘𝑘 𝛼𝛼 and 𝑘𝑘 𝑐𝑐 |x=1 = 𝑘𝑘𝛽𝛽 . The Hall-Petch coefficient for the phase boundaries may be
calculated using the following equation:

𝑘𝑘 𝛼𝛼𝛼𝛼 =

𝑘𝑘 𝑐𝑐 − 𝑘𝑘 𝛼𝛼 𝑓𝑓𝛼𝛼𝛼𝛼 − 𝑘𝑘𝛽𝛽 𝑓𝑓𝛽𝛽𝛽𝛽
𝐹𝐹𝑠𝑠

Equation 4.1

where 𝑓𝑓𝛼𝛼𝛼𝛼 and 𝑓𝑓𝛽𝛽𝛽𝛽 (the continuous phase fractions) and 𝐹𝐹𝑠𝑠 (degree of separation) are

topological parameters which are calculated based on the phase fractions (𝑓𝑓𝛼𝛼 and 𝑓𝑓𝛽𝛽 ) and amount

of phase boundaries (Table 4.3) [36, 37]. The average values across all cooling rates for the three
compositions considered are used in this calculation. The parameter 𝑘𝑘 𝛼𝛼𝛼𝛼 is indicative of the
effectiveness of strengthening of FCC-BCC phase boundaries; it is independent of phase fraction

and composition, as can be seen in Table 4.3. All of the phase-fraction-related parameters in Table
4.3 are also listed; readers are referred to Fan et al.’s original work for additional details of the
analysis [36, 37].
To validate the parameters calculated in Table 4.3, the Vickers hardness as a function of
feature size was calculated using Fan et al.’s model and compared with experimental values
obtained from the laser-processed libraries at x = 0.51. The hardness was calculated from the HallPetch relationship,
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H 𝑐𝑐 = H0𝑐𝑐 + 𝑘𝑘 𝑐𝑐 ∙ 𝜆𝜆−0.5

Equation 4.2

where H0𝑐𝑐 and 𝑘𝑘 𝑐𝑐 were evaluated using Fan’s parameters:
𝛽𝛽

𝛼𝛼𝛼𝛼

Equation 4.3

H0𝑐𝑐 = H0𝛼𝛼 𝑓𝑓𝛼𝛼𝛼𝛼 + H0 𝑓𝑓𝛽𝛽𝛽𝛽 + H0 𝐹𝐹𝑠𝑠
𝑘𝑘 𝑐𝑐 = 𝑘𝑘 𝛼𝛼 𝑓𝑓𝛼𝛼𝛼𝛼 + 𝑘𝑘𝛽𝛽 𝑓𝑓𝛽𝛽𝛽𝛽 + 𝑘𝑘 𝛼𝛼𝛼𝛼 𝐹𝐹𝑠𝑠

Equation 4.4

Again, 𝑓𝑓𝛼𝛼𝛼𝛼 , 𝑓𝑓𝛽𝛽𝛽𝛽 and 𝐹𝐹𝑠𝑠 can be obtained from the microstructures, and the phase-related HallPetch coefficients and intrinsic hardness are assumed to be insensitive to composition (here we

used the average of values for x = 0.56 and 0.60). As shown in Figure 4.8, there is excellent
agreement between the calculated and experimental results.

Table 4.3. Hall-Petch parameters for AlxCoCrFeNi multiprincipal element alloys, where H0𝑐𝑐 is overall
intrinsic hardness, 𝑘𝑘 𝑐𝑐 is the overall Hall-Petch coefficient, and 𝑘𝑘 𝛼𝛼𝛼𝛼 is the Hall-Petch coefficient for
FCC-BCC phase boundaries. For reference, the microstructure-related parameters such as continuous
phase fractions (𝑓𝑓𝛼𝛼𝛼𝛼 and 𝑓𝑓𝛽𝛽𝛽𝛽 ) and degree of separation (𝐹𝐹𝑠𝑠 ), are also listed. For more information
regarding how the topological parameters are measured and calculated, refer to [36]. For x = 0 (CoCrFeNi
alloy), the overall intrinsic hardness (H0𝑐𝑐 ) and overall Hall-Petch coefficient (𝑘𝑘 𝑐𝑐 ) are from [34].
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Figure 4.8. Comparison between the Vickers hardness of Al0.51CoCrFeNi calculated using Fan et al.’s
model [36, 37] and the experimentally obtained results.

4.5 Conclusions
Compositional and microstructural libraries of AlxCoCrFeNi were successfully fabricated
using a high-throughput laser deposition technique. The quench rate was varied over a range of 26
– 6400 K/s by adjusting the laser power and travel speed during remelting of the compositional
library. The resulting cellular microstructures were very similar to those observed in cast materials,
with the dual FCC+BCC structure observed at low Al contents transitioning to a BCC/B2 structure
at near the equimolar composition. Microstructural and microhardness variations with quench rate
were characterized using the libraries. The observed cellular microstructure becomes finer with
increasing cooling rate, following a power law of the form 𝜆𝜆 = 𝐴𝐴 ∙ 𝑇𝑇̇ −1/3 , similar to many other

alloys. Microstructural refinement results in increasing microhardness, following a Hall-Petch
relationship. The relative contributions of grain and interphase boundaries to the hardness of the
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dual phase FCC+BCC structures were also resolved in this study. The significant reduction in the
time required to produce a wide array of compositions and microstructures gives laser processing
the potential to accelerate the study of processing-microstructure-mechanical property
relationships for complex, multicomponent alloys.
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Chapter 5: Microstructures and Mechanical
Properties of Bulk Multiprincipal Element
Alloys Produced by Multi-Layer Laser
Deposition
5.1 Introduction
Laser deposition of metallic alloys is a promising prototyping technology, as it greatly reduces
the production lead time relative to conventional manufacturing methods [1]. Additionally, laser
deposition potentially makes possible the direct fabrication of parts with complicated shapes, or
components made of different or functionally or microstructurally graded materials [2, 3]. Finally,
the bottom-up process grants the flexibility of laser deposition unlimited creation of new
compositions through elemental powders, which can substantially facilitate the discoveries of
novel metallic alloys [4].
As previously discussed, multiprincipal element alloys (MPEAs) opened numerous
opportunities by stimulating the exploration of vast compositional space in the center of
multicomponent phase diagram. Laser deposition combinatorial libraries are useful tools to study
MPEAs for their flexibility to modify compositions and microstructures. Nevertheless, the
successful application of laser deposition to MPEA studies greatly depends on the ability to
consistently control compositions, microstructures and resulting mechanical properties. The
consistency becomes especially difficult as the layers build up because of the complicated thermal
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history in the underlying layers [5]. As a consequence, although there are a number of cases where
single-layer MPEA libraries were fabricated [6, 7] (comparable to what is described in Chapter 3,
Chapter 4 and Chapter 7), only a handful of laser-deposited bulk samples are reported [8-11].
Additionally, in all the existing studies, researchers used single powder blends or pre-alloyed
powders, which compromises laser deposition’s flexibility to produce compositionally graded
alloys.
In the current work, we will try to optimize the laser parameters of the Optomec MR-7
LENSTM system, in order to fabricate multi-layer structures of the AlxCoCrFeNi alloy, a
composition that is studied in Chapter 3 and Chapter 4. The deposited structures include a singlepass thin wall and a multi-pass pillar. The goal is to minimize structural defects and compositional
segregations. The microstructures and mechanical properties will also be mapped as a function of
position. Due to limited number (four) of powder feeders, we used pseudo-ternary powders for
deposition, i.e., Al powders and blends of Cr-Fe and Co-Ni, which give improved flexibility
compared to single powder blends.

5.2 Experimental Procedure
The metallic powders with a purity of at least 99.0 wt. % (Fisher Scientific) were sieved with
-100 +325 mesh, resulting in a size range of 45 – 150 μm. The morphologies of the powders are
shown in Figure 5.1. Powder blends of similar density elements, i.e., Cr and Fe: 7.19 and 7.88
g/cm3, respectively, and Co and Ni: 8.84 and 8.91 g/cm3, respectively [12], were homogenized for
1 hour using the vibrational unit within the sieve. Lower density Al powders, together with Cr-Fe
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and Co-Ni blends, were supplied to three powder feeders of the LENS MR-7 (Optomec, with 500
W IPG Fiber laser). A 100 mm × 30 mm × 6 mm C1008 cold-rolled steel plate (The Home Depot)
was used as the substrate. The laser was focused to create a melt pool on either the substrate or
pre-existed deposition layers, while the powders from the three powder feeders were mixed in-line
and directed to the melt pool. The powder feed rates for Cr-Fe and Co-Ni were 3.5 and 4.5 rpm,
respectively, and Al ranged 0 – 2.0 rpm to obtain different contents. No remelting process was
conducted during deposition. The deposition was performed under high-purity argon atmosphere
with an oxygen concentration below 20 ppm to minimize oxide formation.

Figure 5.1. Secondary electron images of Al, Co, Cr, Fe, and Ni powders. Scale bars indicate 100 μm.

The aim of this study is to optimize the processing parameters during laser deposition to
minimize compositional segregation and defects in the as-deposited MPEAs. Previous work
(Chapters 3 and 4) provided preliminary observations to help determine some of the parameters.
The ranges for laser power and velocity were 100 – 250 W and 3.175 – 12.7 mm/s, respectively.
The layer thickness (i.e., Z or laser height increment) was 0.635 mm. To obtain an optimal 25%
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overlap rate between adjacent hatches for compositional homogeneity [13], the hatch spacing was
set to be 0.635 mm. To reduce the internal stress and to avoid crack formation in the build, a zigzag scanning pattern was followed, in which the laser scanning direction turns 180° relative to the
previous hatch [14]. In terms of layer-to-layer scanning scheme, a bi-directional pattern was used,
i.e., the scanning direction turns 90° relative to the previous layer. A schematic of the scanning
patterns is shown in Figure 5.2.

Layer 1

Layer 2

Layer 3

Layer 4

Repeat
Figure 5.2. Schematic illustration (not to scale) of laser rastering patterns when depositing the pillar
structure. Within each layer, the laser scans in a zig-zag scheme. The scan orientation rotates 90° as the
next layer starts.

The side surface (17 mm × 12 mm) of the thin wall and the vertical cross section of the pillar
were polished to 2000-grit sandpaper and 0.02 μm colloidal silica (Allied High Tech). In total, 63
and 53 sites are chosen for detailed characterization in the thin wall and pillar samples, respectively,
which are roughly gridded with a 50 μm spacing. Measurements for some sites are missing due to
defects. The evaluation is performed using Scanning Electron Microscopy (SEM, ThermoFisher
Quattro S) and Energy Dispersive X-ray Spectroscopy (EDS, Oxford Aztec Live X-Max Energy).
The hardness was measured with a microindenter (Leitz Miniload) using a 136° Vickers diamond
pyramid and 200-gram load applied for 17 seconds.
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5.3 Results
5.3.1 Thin Wall
The composition profile of the thin wall, as a function of distance from the top, is plotted in
Figure 5.3. The data points are obtained from the average of six EDS measurements at the same
height, and the errors are the standard deviation. Despite some variations across the sample, the
overall composition is Al0.60CoCrFeNi and is generally consistent throughout the entire area of
observation. Al content is relatively constant at ~13.2 at. %; Co and Ni contents decreases by ~2
at. %, while Fe and Cr increase by ~2 at. %. This is consistent with how we blended metallic
powders: Al stands alone, while Co-Ni and Fe-Cr are mixed together. Co, Cr, Fe and Ni are at an
equiatomic composition. The concentration of Co is only ~1.5 at. % higher than Ni, while Fe is ~2
at. % higher than Cr, indicating a proper ratio of the amount of powders during the laser deposition.
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Figure 5.3. Composition change as a function of distance from top.

92

7

Ni (at.%)
8

9

The as-deposited thin-wall structure has a dimension of 17 mm (height) × 12 mm (width) ×
1.6 mm (thickness). The microstructure of the top part of the thin wall is shown in Figure 5.4a.
Apart from three unmelted powder particles (high-melt-temperature Cr) and several gas pores, the
build is homogeneous with the desired composition. In the higher magnification images (Figure
5.4b), the majority of Al0.60CoCrFeNi solidifies into a cellular microstructure, similar to the
observation in Chapter 4. The cellular spacing ranges 1.8 – 3.4 μm. The cellular spacing data
obtained in the blue box in Figure 5.4a is mapped in Figure 5.5a. There are also regions that
undergo a transition from cellular to planar growth, as indicated by the red arrows in Figure 5.4b.

Figure 5.4. Backscattered SEM image of microstructure of Al0.60CoCrFeNi thin wall. (a) The overview of
the top part of the thin wall. The blue filled, white dashed box in the micrograph indicates the area where
characterization in higher magnification was conducted (e.g., in (b)). The top left inset is the macroscopic
image of the thin wall, with the white box indicating the top area probed by SEM. (b) Selected high
magnification images from the blue box indicated in (a). The red arrows indicate planar-to-cellular
microstructure, as opposed to the cellular growth occurred elsewhere in the images.
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The Vickers hardness shown in Figure 5.5b was mapped with the measurements at 63 sites,
four indents per site (Figure 5.5c). The hardness for cellular regions ranges 2.13 – 2.73 GPa, while
the planar-to-cellular transition regions are 1.81 – 2.02 GPa.

Figure 5.5. Contour plots of (a) cellular spacing (μm) and (b) Vickers hardness (GPa). The black square
symbols indicate cellular microstructure and the white triangle symbols indicate planar-to-cellular
transition microstructure. The transition microstructures are excluded when constructing the cellular
spacing plots.

5.3.2 Pillar
The cross-section macrograph of the laser-deposited pillar is shown in Figure 5.6. The pillar
size is 20 mm × 20 mm (diameter) × 11 mm (height). As described by the yellow dashed curve,
the distinct boundary indicates the region close to the steel substrate is different in composition
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(nearly fully Fe) from the rest of the build. In this pillar, the Al content is graded as a function of
height, by varying the feed rate of Al. The Al concentration ranges 0 – 20.6 at. % from bottom to
top, which can be seen from the contrast in Figure 5.6.

Figure 5.6. Backscattered SEM image of the cross section of the deposited pillar with graded Al contents
in the vertical direction. The yellow dashed curve depicts the boundary of the region that is heavily
affected by the substrate (bottom).

The Vickers hardness was measured from the cross section, and was plotted as a function of
Al concentration, as plotted in Figure 5.7. All the indents were aligned close to the centerline of
the pillar. An increase in hardness can be seen from low-Al FCC, intermediate-Al FCC+BCC to
high-Al BCC/B2 structures.
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Figure 5.7. Vickers hardness as a function of Al concentration in the laser deposited pillar. The
composition range was drawn based on the XRD data from the compositional library in Chapter 3.

5.4 Discussion
5.4.1 Feedstock Control
Feedstock parameters includes feed rate and carrier gas (Ar) flow rate. Various metallic
powders, forming a pile in the powder feeder chamber, are picked up by a rotating disk that
comprises a number of circumferentially distributed holes. When the disk rotates to the outlet of
the carrier gas flow, the powders stored in the holes are blown into the powder delivery system to
form a powder flow. Therefore, the powder mass per unit time is proportional to the rotational
speed of the disk (i.e., the feed rate in rpm) and insensitive to gas flow rate. Powder flows from
different powder feeders mix in-line and are directed to the melt pool through four confocal copper
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nozzles. Collisions of the powder particles with nozzle walls and each other can decrease the
powder’s success rate of hitting the focus point (melt pool). However, a high gas flow rate can help
alter the trajectories of powder particles, especially those of smaller sizes and lower densities [15].
Interestingly, gas flow rate does not affect the focal point of the powder streams [16]. The greater
impact of powders, yielded by strong carrier gas flows, results in an increased surface disturbance
at the melt pool surface [17]. Albeit it is not intuitive, a higher surface disturbance can effectively
enhance full mixing and melting of the powder particles into the melt pool, reducing partial
assimilation which is a common reason for surface roughness. However, the melt pool morphology
can also change under the effect of heavy gas flow. The depth of the melt pool increases, but the
width decreases [18], and the velocity of impinging powder particles also increases. This will
decrease the melt pool’s capability to catch and incorporate incoming powders. In this study, the
carrier gas flow for all the powder feeders is set constant at an intermediate rate, 4 L/min.
When the powder particles move into the laser field, the optical energy from laser heats the
particles, leading to an increase in the particles’ temperature and potential evaporation, i.e., mass
loss of powders injected to the melt pool. In light of this, parameters like photon absorptivity, heat
capacity, and melting temperature etc. of powder particles of different element species can cause
deviation from ratios of powders coming out of the feeders. Nevertheless, due to the low laser heat
input (< 50 J mm-2) and relatively large powder particle size (> 45 μm) and carrier gas flow rate
(4 L/min) in this work, the amount of in-flight evaporation is negligible [19]. As another type of
interaction, the shadowing from the powder particles can also cause the attenuation of the actual
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laser power [20], but this does not affect the ratio of powders incorporated into the melt pool.
Therefore, to achieve the desired composition from laser deposition in this study, two parameters
need to be confirmed. 1) The ratio of the two components in the powder feeders that carry binary
blended powders (Co-Ni and Cr-Fe) was simply determined by molar mass. 2) The rate for each
powder feeder was determined by measuring the powder mass per unit time coming out of the
nozzles.

5.4.2 Optimization of Laser Parameters
Laser parameters have major effects on the melt pool morphology, which is important for the
integrity and shape of each solidified track/layer. Laser parameters must be in accordance with
feedstock parameters to keep the deposited parts from excessive heat retention from previous
layers, especially for corners and sharp edges [5]. The laser heat input, L, is determined by
𝐿𝐿 =

𝑃𝑃𝑃𝑃
𝑉𝑉

Equation 5.1

where P is the laser power, d is the laser diameter, and V is laser travel velocity. In this study, the
heat input needs to be a value sufficiently large to give the melt pool a sufficiently high temperature
to melt the metal powders (e.g., Cr, Tm = 2180 K [12]) and to ensure complete mixing of all the
components. Since the laser diameter is insensitive to laser power [21] and assumed to be constant
(1 mm), one can increase laser power or decrease laser travel velocity to ensure full incorporation
of the powders with the melt pool.
However, laser parameters also need to be adjusted to minimize densities of defects including
cracks and porosities, which are known to result in decrease in the properties and functionalities
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of laser-deposited parts, or even failure. An excessive laser power can cause the microscale
evaporation of the melt materials and the formation of a deep keyhole depression (can be hundreds
of microns in dimension). The keyhole depression is unstable and can collapse to trap inert gas
and form pores in irregular shapes (keyhole pores) [22]. A too low laser travel velocity can easily
lead to increased density of spherical gas pores [5]. The selection of the laser parameters is such a
trade-off, and the best combination for this MPEA (200 W, 6.35 mm/s) is obtained by trial-anderror. A decreasing gradient in laser power was adopted with layers (2W per layer) is adopted for
the need of constant shape control [23].

5.4.3 Microstructures and Mechanical Properties
The composition of the thin wall is Al0.60CoCrFeNi, the same as that studied in Chapter 4,
where a processing-microstructure-mechanical property relationship was established. Recall that
this composition solidifies into an FCC+BCC/B2 cellular microstructure, where the cell interior is
Al-poor FCC and cell exterior is Al-rich BCC/B2. The FCC fraction decreases to zero at higher
cooling rates (> 553 K/s) in the duplex structure. However, different from single-layer libraries,
since the area of observation is at least 15 mm from the substrate, the thermal history is much more
complicated [3]. Heat conduction to the underlying substrate/worktable is somewhat restricted, but
heat convection plays a more important role in heat dissipation [24]. Using the cooling rate-cellular
spacing equation, i.e., 𝜆𝜆 = 18.25 𝑇𝑇̇ −0.36 derived in the microstructural library in Chapter 4, a

contour plot of cooling rates can be drawn, as shown in Figure 5.8. For the probed area with a
depth of approximately 1.1 mm, from bottom to top, the cooling rates increases from
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approximately 200 to 400 K/s. A few spot measurements under this area gave results in the same
range. Recall that for the same laser parameters in single-layer libraries, where heat conduction is
dominant, the average cooling rate is 475 K/s, larger than the majority of this sample. There are a
number of sites where the cooling rates exceed 720 K/s. Note that 720 K/s is higher than the highest
cooling rate (553 K/s) at which we observed cellular structure in the microstructure library. This
is not a contradiction to the previous results; instead, it extends the cooling rate range for cellular
structure formation in Al0.60CoCrFeNi.
There are a number of sites where planar-to-cellular transition microstructures were observed
(triangle symbols in Figure 5.5 and Figure 5.8). These microstructural exceptions are attributed to
local compositional fluctuations. From EDS measurements, the Al composition at these sites is
approximately 3 at. % lower, which is responsible for the shift of the crystal structure to fully FCC.
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Figure 5.8. Contour plot of cooling rates calculated from cellular spacing with the equation 𝜆𝜆 =
18.25 𝑇𝑇̇ −0.36 (Chapter 4).

The measured Vickers hardness in both the thin wall and the pillar is generally in accordance

with that from the microstructural library. The 56 Vickers hardness measurements on the cellular
microstructures in the thin wall sample are plotted in Figure 5.9 and fitted to a Hall-Petch
relationship, H = 𝑘𝑘 ∙ 𝜆𝜆−0.5 + H0 . For comparison, results from Chapter 4 are also included. The

fitting parameters are 𝑘𝑘 = 1.92 and H0 = 1.27, which agree with the parameters obtained in the
microstructural library (𝑘𝑘 = 1.70 and H0 = 1.39). The parameters for the combined set are 𝑘𝑘 =

1.81 and H0 = 1.34. The Vickers hardness in planar-to-cellular transition regions is slightly lower

than the cellular microstructures (1.81 – 2.02 GPa), as a result of local Al depletion and FCC
formation.

Vickers Hardness ( GPa)

3

2.5

2

1.5
Thi n wa l l
1

0.4

Li bra ry

As ca s t

0.6

0.5

Inverse Square Root of Cellular Spacing,

0.7

λ-0.5

0.8

(μm-0.5)

Figure 5.9. Vickers hardness as a function of inverse square root of cellular spacing. Each data point
corresponds to one SEM micrograph of cellular microstructures and the Vickers hardness measurement
on the same site. The microhardness is fitted to a Hall-Petch relationship.
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5.5 Conclusions
Laser deposition offers great potential for fabricating MPEAs in 3D shapes in a bottom-up,
layer-by-layer manner. In this study, we successfully produced a 17 mm tall Al0.60CoCrFeNi thin
wall and an 11 mm tall AlxCoCrFeNi (x = 0 – 1) graded pillar. A combination of processing
parameters was found, namely laser power, laser travel velocity, powder feed rate, carrier gas flow
rate, hatch spacing, and layer thickness. The feedstock parameters managed to generate target
composition. The laser parameters ensure uniform composition throughout the build and a small
density of defects in the as-deposited samples. The microstructures and mechanical properties are
consistent with the observations from the single-layer laser deposited libraries and cast materials,
as shown in the previous chapters. The consistency demonstrates the applicability of the laser
deposition method to fabrication of MPEAs in 3D, while the choice of powder blends provides
improved flexibility in grading one or more components, which is a step forward from usage of
single blends in the existing literatures. We hope this study inspires additional efforts in the future
to obtain full controllability on the concentration of all the components.
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Chapter 6: Microstructure and Properties of
Intermetallic Compounds in MPEAs
This section is largely adapted from the manuscript that has been accepted by Acta Materialia: M.
Li, Z. Zhang, A.S. Thind, G. Ren, R. Mishra, and K.M. Flores. Microstructure and Properties of
NbVZr Refractory Complex Concentrated Alloys. I synthesized the samples, performed XRD,
SEM, EBSD, nanoindentation and DMM and analyzed all the raw experimental data with the
exception of EELS. Z. Zhang carried out the DFT calculations. A.S. Thind and G. Ren performed
(S)TEM and EELS experiments and analyzed the relevant data. I am the main contributor of the
manuscript. Z. Zhang wrote the computational analysis section. R. Mishra and K.M. Flores edited
the manuscript prior to submission and provided general guidance as the principal investigators of
the work.

6.1 Introduction
A special class of MPEAs are refractory metal MPEAs [1-4] that are attractive materials for
high-temperature structural applications as they display an atypical combination of properties,
including high melting point, high strength, ductility, toughness, and low density. Refractory
MPEAs frequently include three or more refractory metals (Group IV-VI transition metals) in high
(often equal) concentration with occasional additions of non-refractory metals such as Al [4]. A
large fraction of the reported refractory MPEAs display a single-phase BCC solid solution [4-6],
which is a result of the BCC crystal structure of the refractory metals and their increasing solubility
with maximized configurational entropy at equiatomic concentrations. However, refractory
MPEAs with secondary intermetallic phases, such as Laves and B2 structures, are recently
garnering interest [7-10]. Similar to conventional BCC metals and alloys, the primary BCC solid
solution in refractory MPEAs results in high strength, but a lack of ductility at room temperature
[11]. To improve the ductility of refractory MPEAs, there have been attempts to alloy at least five
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principal elements, which increases the configurational entropy and prevents the formation of
multiphase refractory MPEAs with brittle intermetallic precipitates. However, in recent work on
NbTiZr-based refractory MPEAs, Senkov et al. [12] demonstrated that achieving a single solid
solution phase does not necessarily lead to better mechanical properties. Compared to the singlephase BCC solid solution in NbTiZr, multi-phase NbTiZrVTa and NbTiZrVMo alloys exhibit
superior yield strength at both room and elevated temperatures. Some multi-phase refractory
MPEAs, such as AlMo0.5NbTa0.5TiZr and their derivatives [13, 14], offer exceptional yield strength
up to 1000 °C due to the presence of thermally stable nanoscale precipitates. Inspired by the
microstructure of nickel superalloys (γ-FCC and γ’ -L12 precipitates), Miracle and coworkers have
proposed designing secondary particle-strengthened refractory MPEAs with a good combination
of strength and ductility [10, 15, 16]. However, there is a lack of studies focused on the stability
of the intermetallic phases and how they affect the overall mechanical properties.
The above-mentioned work highlights the need to identify the competing intermetallic phases
that may precipitate in refractory MPEAs, the factors that stabilize the intermetallics, and their
mechanical properties. In this work, we fabricate equimolar NbVZr RCCAs — which forms a base
for several RCCAs — and use it as a prototype system to investigate the above questions. Although
Zr and V are not included in the classical definition of refractory elements, they are included in the
broader definition [17] and are common alloying elements in high-temperature materials. The
ternary NbVZr alloy exhibits a dendritic microstructure consisting of a BCC solid solution, with
two Laves structures forming in the interdendritic regions. In contrast to semi-empirical rules that
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largely predict the formation of a single BCC solid solution, we found the Laves phases to be
thermodynamically and structurally stable based on total energy and phonon calculations using
density-functional theory (DFT) in previous work [18]. We find that the secondary Laves phases
strengthen the BCC phase by acting as obstacles to dislocation motion. Moreover, we observe a
large concentration of stacking faults in the Laves phases due to their low stacking fault energy
(SFE), which introduce additional plasticity during deformation. Finally, we apply laser processing
to remelt and rapidly quench the material and obtain remarkable consistency with as-cast and
annealed microstructures as well as their mechanical properties. This work demonstrates the
viability of laser processing as a high-throughput screening technique for more complex RCCAs
and provides guidance for the application of laser additive manufacturing methods to this system.

6.2 Materials and Methods
6.2.1 Sample Preparation and Experimental Characterization
The raw materials (Nb, V and Zr) with purities of at least 99.8 wt. % were arc-melted on a
water-cooled copper hearth in an argon atmosphere to produce six equiatomic alloy buttons each
weighing approximately 15 g. Each button was flipped and remelted at least five times to improve
compositional homogeneity. Subsequently, all six buttons were melted together and cast into a
copper mold to produce 20 × 20 × 5 mm plates. The plate was cross-sectioned, and the
microstructure and properties at the center were compared with both annealed and rapidly
quenched material produced by laser remelting of the cast surface. To study the microstructure and
properties in a more equilibrated state, an as-cast sample was annealed in a tube furnace (Thermo
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Scientific Lindberg/Blue M) at 1100 °C for 72 h with a continuous argon flow to minimize
oxidation. Finally, to examine a rapidly quenched state, an area of 16 × 16 mm on the surface of
an as-cast plate was melted using an Optomec MR-7 Laser Engineered Net Shaping (LENSTM)
instrument. The laser power was 250 W, the travel speed was 6.35 mm/s and the spacing between
adjacent laser tracks was 0.5 mm. There was approximately 25% overlap between adjacent laser
tracks.
Cross sections of the as-cast and annealed samples and the surface of the laser-processed
sample were cleaned, ground with up to 1200 grit sandpaper, and polished with 0.02 μm SiO2
solution. A total thickness of ~0.2 mm of the laser-processed material was removed by this
metallographic preparation. In comparison, the depth of the laser melted zone was on the order of
0.5 mm.
To identify the phases in the laser-processed, as-cast, and annealed materials, the polished
surfaces were characterized with X-ray diffraction (XRD, Bruker d8 X-ray Diffractometer).
Diffraction angles between 10° and 100° (2θ) were collected with a step size of approximately
0.02°. The plan-view microstructure was further characterized using a field emission scanning
electron microscope (SEM, JEOL JSM-7001FLV) operated at 15 kV accelerating voltage, and the
distribution of the crystallographic phases was mapped using electron backscatter diffraction
(EBSD, Oxford Symmetry). The composition of the surface was determined using energy
dispersive X-ray spectroscopy (EDS, Oxford Aztec Live X-Max Energy).
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Further structural characterization of the laser-processed sample was conducted using
(scanning) transmission electron microscopy ((S)TEM). TEM foils were sectioned and thinned
with a ThermoFisher Scios 2 focused ion beam (FIB). For consistency, all of the cross-sectional
foils were taken from the center of the laser tracks, and oriented perpendicular to the laser travel
direction. A lower accelerating voltage of 5 kV was used in the final thinning step to reduce Ga+
ion penetration into the sample. TEM observations were carried out using a JEOL JEM-2100F
Field Emission (S)TEM. Atomic resolution STEM imaging and spectroscopy experiments were
performed using the Nion UltraSTEM200 microscope at Oak Ridge National Laboratory. Highangle annular dark field (HAADF) Z-contrast imaging was performed using a probe convergence
angle of 30 mrad and an annular dark-field detector with an inner angle larger than 80 mrad.
Electron energy loss (EEL) spectrum imaging maps were collected using a Gatan Enfinium
spectrometer with a collection semi-angle of 33 mrad and an energy dispersion of 0.25 eV, to obtain
spatially resolved chemical maps of L2,3 edges of V, Zr and Nb. A dwell time of 0.8 seconds/pixel
was used for acquiring the V L2,3 edge map while a dwell time of 4 s/pixel was used for acquiring
the Zr and Nb L2,3 edge maps. We performed principal component analysis (PCA) to improve the
signal to noise ratio for the EELS datasets.
The mechanical properties of the constituent phases were examined with nanoindentation and
dynamic modulus mapping using a Hysitron TI 950 Triboindenter equipped with a diamond
Berkovich indenter tip. Nanoindentation was performed on the polished surface of laser-processed
(plan view surface) and the cross sections of the as-cast and annealed samples at a loading and

109

unloading rate of 1000 μN/s up to a maximum load of 5000 μN. The indents were spaced at least
20 μm apart. Load-displacement data was used to determine the reduced modulus, E𝑟𝑟 , and

hardness, H, using the method developed by Oliver and Pharr [19]. The Young’s modulus, E, was
obtained from reduced modulus, using the equation:
1 − ν2 1 − ν′2
1
=
+
E
E′
Er

Equation 6.1

where E′ and ν′ are the Young’s modulus and Poisson’s ratio, respectively, of the diamond

indenter tip, and ν is the Poisson’s ratio of the sample, which is assumed to be 0.4 in the

calculation. Modulus maps with dimensions of 5 μm × 5 μm were collected using the nanoDMA
function on the nanoindenter, with load amplitudes of 7 – 9 μN and a load frequency of 200 Hz to
achieve displacement amplitudes of 1 – 2 nm, which is sufficiently small to avoid plastic
deformation [20].

6.2.2 Computational Details
To investigate the stability of the experimentally observed Laves phases, we performed firstprinciples DFT calculations using the Vienna Ab initio Simulation Package (VASP) [21]. We
employed generalized gradient approximation (GGA) as implemented in the Perdew-BurkeErnzerhof (PBE) [22] exchange-correlation functional to approximate the many-body electronic
interactions. We used the projector augmented-wave (PAW) method [23] to describe the core
electrons with the following potentials: Nb_pv for Nb, Zr_sv for Zr, and V_pv for V. For formation
enthalpy (Δ𝐻𝐻𝑓𝑓 ) calculations, we fixed the plane-wave energy cutoff at 400 eV and relaxed the

structures until the forces on each atom were less than 0.01 eV Å−1. To model the disordered BCC
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solid solution, we generated special quasi-random structures (SQSs) [24] using the Alloy Theoretic
Automated Toolkit (ATAT) [25]. For the 36-atom SQSs, we chose a 4 × 4 × 1 Γ-centered k-points
mesh for relaxation. For ordered C15 and C14 Laves structures, Monkhorst–Pack k-points mesh
of size 4 × 4 × 4 and 6 × 6 × 4 were used, respectively. The formation enthalpy was calculated with
respect to constituent elements:
𝑥𝑥
𝑦𝑦
𝐸𝐸𝑒𝑒𝑒𝑒 (𝐴𝐴) −
𝐸𝐸 (𝐵𝐵)
𝑥𝑥 + 𝑦𝑦 + 𝑧𝑧
𝑥𝑥 + 𝑦𝑦 + 𝑧𝑧 𝑒𝑒𝑒𝑒
𝑧𝑧
−
𝐸𝐸 (𝐶𝐶 )
𝑥𝑥 + 𝑦𝑦 + 𝑧𝑧 𝑒𝑒𝑒𝑒

Δ𝐻𝐻𝑓𝑓 = 𝐸𝐸�𝐴𝐴𝑥𝑥 𝐵𝐵𝑦𝑦 𝐶𝐶𝑧𝑧 � −

Equation 6.2

where 𝐸𝐸(𝐴𝐴𝑥𝑥 𝐵𝐵𝑦𝑦 𝐶𝐶𝑧𝑧 ) is the energy of the relaxed 𝐴𝐴𝑥𝑥 𝐵𝐵𝑦𝑦 𝐶𝐶𝑧𝑧 compounds, and 𝐸𝐸𝑒𝑒𝑒𝑒 ’s are the energy of

the constituent elements in their most stable crystal structure, which were calculated using the
same convergence criteria as above.
To accurately calculate the elastic properties, we increased the cutoff energy to 700 eV and
relaxed the structures to approximately zero stress (forces on ions < 10−4 eV Å−1). Then, we applied
small perturbations 𝛿𝛿 ∈ {−0.01, −0.005, +0.005, +0.01} to the fully relaxed lattice vectors and
calculated the resulting stress tensor. The 6 × 6 matrix of elastic constants was then calculated
assuming a linear elastic constitutive relationship. From this, the bulk modulus (B) and shear
modulus (G) were calculated using the Hill averaging scheme [26]. Young’s modulus (E) and
Poisson’s ratio (ν) were obtained according to the following equations:
E=

ν=

9BG
3B + G

3B − 2G
2(3B + G)

For more details on the calculation of the elastic properties, refer to [22].
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Equation 6.3
Equation 6.4

To assess the energy of the stacking faults observed in the Laves phases, we built two
atomistic models by intentionally adding 1-unit-block and 3-unit-block C15 structures into bulk
C14 structures. Experimentally, we observe the composition of the Laves phases vary with local
distortions and the exact elemental occupancies in Laves phases are unclear. Hence, we start by
developing faulted structures with NbV2 composition and tracked their energy change with
incremental additions of Zr. We fully relaxed the faulted structures and define the stacking fault
energy (SFE) as the energy difference of the faulted structure from the most stable C14 phase with
identical composition.

6.3 Results
6.3.1 Microstructural Characterization
Backscattered electron images of the laser-processed, as-cast, and annealed NbVZr alloys
exhibit a dendritic microstructure, as shown in Figure 6.1. The dendrites are brighter in contrast,
suggesting that they are enriched in heavier elements (Nb, Zr) compared with the darker
interdendritic regions. We observed significant refinement of the microstructure in the laserprocessed sample due to the inherently rapid cooling rate, which is approximately 2-5 orders of
magnitude faster than cooling during the casting process, depending on the laser heat input [27].
As a result, the feature sizes in laser-processed sample are reduced by approximately 5 times
relative to the as-cast, consistent with previous studies (Chapter 4). Annealing results in a decrease
in dendritic fraction and a commensurate coarsening of the interdendritic regions.
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We employed X-ray diffraction (XRD) to identify the phases present in laser-processed, ascast, and annealed samples, as shown in Figure 6.2. Using this data, we confirmed the presence of
BCC, C15 (cubic Laves) and C14 (hexagonal Laves) structures in all the three processing
conditions. Their corresponding peaks are labeled with circles, squares, and hexagons, respectively.
In all three samples, some expected peaks of the Laves phases are not observed in the spectra, most
likely because we characterized the as-processed surface rather than a powder specimen, which
would present a more uniform distribution of crystallographic orientations. Note that the two small,
broad peaks at 2θ of approximately 53° and 60° correspond to the sample holder.

Figure 6.1. Backscattered electron images of (a) laser-processed, (b) as-cast, and (c) annealed NbVZr
alloy.
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Figure 6.2. X-ray diffraction patterns of laser-processed, as-cast, and annealed equiatomic NbVZr
samples indicate the existence of BCC, C14 (hexagonal Laves) and C15 (cubic Laves) phases. Reference
BCC, C15 and C14 peaks are from a simulation of the corresponding structures with lattice parameters
obtained from XRD.

We further employed EBSD to characterize the distribution of the phases, as shown in Figure
6.3 for the laser-processed specimen. A dendritic structure with secondary phase separation within
the interdendritic regions is observed in backscattered electron images, as shown in Figure 6.3a.
An EBSD phase map reveals the distribution of the BCC, C14, and C15 phases, as shown in Figure
6.3b, which corresponds to the highlighted area in Figure 6.3a. This data indicates that the dendritic
phase is BCC while the interdendritic regions primarily consist of the C14 Laves phase. Minor
amounts of isolated C15 are observed primarily at the BCC/C14 phase boundaries. Within the
small area of observation, all of the phases exhibit uniform orientation as shown in Figure 6.3c.
The orientation of C14 is in the vicinity of (0001), while C15 is close to {111}. In the laser-

processed specimen, we estimate the area fractions of the phases to be 80% BCC, 16% C14, and
4% C15. For the as-cast, the fraction of the BCC phase decreases to 41%, while the C14 increase

to 53%. The C15 fraction increases only slightly, to 6%. Annealing further reduces the amount of
BCC phase to 28%, while increasing the C14 to 67%, and the C15 again remains relatively constant
at 5%. The average compositions of BCC phase, evaluated by SEM-EDS, are Nb34±6V25±2Zr41±7,
Nb46±3V29±5Zr25±4, and Nb46±2V12±4Zr42±8 for the laser-processed, as-cast, and annealed samples,
respectively, where the errors are standard deviations from at least six measurements. The mean
squared errors (MSE) between the BCC composition and the equiatomic composition (i.e., the
1

overall composition), defined by MSE = ∑(𝑐𝑐𝑖𝑖 − 𝑐𝑐̅)2 where 𝑐𝑐𝑖𝑖 and 𝑐𝑐̅ are the individual and
𝑛𝑛
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the mean concentrations, respectively, increase from 0.0047 for laser-processed sample, to 0.0010
and 0.025 for as-cast and annealed samples, respectively. The larger deviation in compositions
indicates a more thorough element partitioning due to the longer equilibration time.

Figure 6.3. The microstructure of the laser-processed equiatomic NbVZr alloy. (a) The backscattered
electron image. (b) The phase map constructed using EBSD indicates that the dendritic phase is BCC,
while the C14 (hexagonal Laves) phases are primarily in the interdendritic regions. The C15 phase (cubic
Laves) is confined at the phase boundaries between BCC and C14. (c) Inverse pole figure map showing
uniform orientation within the phases. The black dots in (b) and (c) are unindexed EBSD measurements.

We performed atomic resolution STEM imaging to elucidate the atomic structure of the
various phases in the laser-processed NbVZr alloy. Figure 6.4a shows an atomic resolution
HAADF image of the BCC phase from the dendritic region, observed along the [111] direction.

In a HAADF image, the intensity of an atomic column is approximately proportional to the square
of the atomic number (~Z2) [28]. With the atomic density along the [111] orientation of BCC

being equal for all the atomic sites, the uniform HAADF intensity for all the atomic columns
indicates that the BCC dendrites are a disordered solid solution. Using HAADF-STEM imaging,
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we further confirm the formation of C14 and C15 Laves phases in the interdendritic regions, as
shown in Figure 6.4b. We find alternating C14 and C15 phases are separated by stacking faults,
highlighted as solid white lines in Figure 6.4b, and are hence coherent. The corresponding crystal
structure orientations of the C14 and C15 Laves phases are provided in Figure 6.4c. These stacking
faults are consistent with the orientation difference between the C14 and C15 phases observed in
the EBSD image (Figure 6.3c).

Figure 6.4. Atomic resolution HAADF images showing (a) BCC and (b) C14/C15 Laves phases. The
white solid lines in (b) indicate stacking faults, and the yellow dashed line indicates a twin fault in C15.
Readers are referred to Figure 6.10 for details of the defect structures. Scale bars in (a) and (b) correspond
to 1 nm. (c) Representative atomic models of the BCC phase and the C14/C15 Laves phases with crystal
structure orientations consistent with their corresponding HAADF images.

We also performed STEM-EELS to determine the spatial distribution of Nb, V and Zr across
the dendritic and interdendritic regions. Figure 6.5a shows a wide field-of-view HAADF image of
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the dendritic microstructure in the laser-processed NbVZr alloy sample, where the region chosen
for EEL spectrum imaging is highlighted with a white box. The HAADF image simultaneously
acquired during EELS acquisition, with dendritic (bright) and interdendritic (dark) regions, is
shown in Figure 6.5b. From the elemental maps of V, Zr and Nb (shown in Figure 6.5c), we observe
that the dendritic regions are rich in Nb and Zr whereas the interdendritic regions are rich in V.
Extracted L2,3 edges for V, Zr and Nb for the regions highlighted by blue, green and red squares in
Figure 6.5b, are shown in Figure 6.5d. From SEM-based EDS measurements, we find that the
average composition of the BCC phase is Nb34±6V25±2Zr41±7, while the overall composition is close
to equiatomic, Nb32±1V34±1Zr34±2, which supports the conclusion from the EELS results that the
dendritic regions are rich in Nb and Zr.

Figure 6.5. (a) A HAADF survey image with area chosen for EELS data acquisition highlighted with a
white box. (b) Simultaneously acquired HAADF image of the region highlighted in (a). A 16 × 16 sub-
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pixel scanning was enabled during EELS acquisition. Scale bars in (a) and (b) correspond to 100 nm. (c)
Normalized V, Zr and Nb L2,3 edge maps. (d) EEL spectra for V, Zr and Nb extracted from the regions
highlighted with corresponding colors in (b).

6.3.2 Mechanical Properties
We have characterized the mechanical properties of annealed, as-cast, and laser-processed
samples via nanoindentation. Scanning probe microscopy (SPM) images of the surface topography,
obtained using the nanoindenter probe prior to indentation, confirm the presence of a dendritic
microstructure, and have been used to correlate the measured hardness and modulus values with
the local microstructure. A total of 23 indents were made on the laser-processed samples, while 11
and 15 indents were made on as-cast and annealed samples, respectively. Noting that the
indentation sampling volume has been reported to be approximately four times the size of the
indent in the radial direction [29], we assume that all of the phases within this sampling volume
contribute to the mechanical properties, and further assume that the phase fractions within the
volume can be represented by those present in a 4 μm diameter circular area centered on each 1
µm wide indent. The length scale in the refined laser-processed microstructures is on the
microscale (Figure 6.1), so the sampling area generally includes both dendrites and interdendritic
regions, while it is possible to sample fully dendritic or interdendritic regions in the as-cast and
annealed materials. We estimated the relative fractions of the dendritic and interdendritic regions
in a 4 μm diameter circular area around each indent position based on the contrast in the SPM
images. The hardness and modulus values are plotted as a function of the area fraction of the
interdendritic material at the same position in Figure 6.6.
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Figure 6.6. Hardness (red) and Young’s modulus (blue) measured by nanoindentation as a function of
interdendritic fraction. Insets are examples of scanning probe microscopy images showing the
microstructures surrounding the indents with a scanning size of 5 μm.

The hardness of the annealed, as-cast, and laser-processed material was found to increase
linearly with interdendritic fraction, along the same trend line, as shown in Figure 6.6. In contrast,
there is not a strong correlation between Young’s modulus and interdendritic fraction in the laserprocessed samples. The average Young’s modulus is 73.4 ± 5.2 GPa. However, the nanoindentation
tests on the as-cast and annealed materials reveal a slight decreasing trend with interdendritic
fraction. When the area of interest is fully dendritic (x = 0), the Young’s moduli are 84.0 ± 6.0 and
77.2 ± 1.3 GPa for as-cast and annealed materials, respectively, and they decrease to 68.1 ± 5.8
and 70.3 ± 0.6 GPa when the indent is fully contained within the interdendritic region (x = 1). To
better distinguish the properties of the BCC and Laves phases, dynamic modulus mapping was
applied to map spatial variations in the storage modulus on the laser-processed sample. The
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variation in the storage modulus is compared with an SPM image of the same region in Figure 6.7.
The dendritic regions clearly exhibit a higher storage modulus than the interdendritic regions.

Figure 6.7. Dynamic modulus mapping. (a) A 5 × 5 μm2 SPM image, showing a dendritic microstructure;
(b) the corresponding storage modulus map is measured at the same location; (c) overall storage modulus
histogram, and the distributions for dendrites (red) and the interdendritic regions (blue), assuming the data
can be fit by two Gaussian distributions.
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6.4 Discussion
6.4.1 Phase Stability
The competition between solid solution and intermetallic phases plays an important role in
determining the properties of MPEAs. To date, several empirical rules have been proposed for
predicting the stability of disordered solid solution phases in MPEAs [30-33], including valence
electron concentration (VEC = ∑ 𝑐𝑐𝑖𝑖 (VEC)𝑖𝑖 ), mixing enthalpy (𝐻𝐻 𝑆𝑆𝑆𝑆 = ∑𝑖𝑖<𝑗𝑗 4𝐻𝐻𝑖𝑖𝑖𝑖 𝑐𝑐𝑖𝑖 𝑐𝑐𝑗𝑗 ), atomic size

mismatch ( 𝛿𝛿𝑟𝑟 = �∑ 𝑐𝑐𝑖𝑖 (1 − 𝑟𝑟𝑖𝑖 /𝑟𝑟̅ )2 ), and electronegativity mismatch ( 𝛿𝛿𝛿𝛿 = �∑ 𝑐𝑐𝑖𝑖 (𝜒𝜒𝑖𝑖 − 𝜒𝜒̅ )2 ),

where 𝑐𝑐𝑖𝑖 , (VEC)i, 𝑟𝑟𝑖𝑖 , and 𝜒𝜒𝑖𝑖 correspond to the concentration, valence electron concentration,
radius, and electronegativity of 𝑖𝑖𝑡𝑡ℎ component, respectively, 𝑟𝑟̅ and 𝜒𝜒̅ are the average radii and

electronegativities across all components, respectively, and 𝐻𝐻𝑖𝑖𝑖𝑖 is the mixing enthalpy of the

binary solution of elements i and j. We applied these four parameters to the Nb-V-Zr system and
plot them as a function of composition in Figure 6.8. While experimentally we observe NbVZr to
form a multi-phase alloy with a BCC solid solution as the majority phase, the different empirical
rules give diverging estimates. At equimolar concentration, VEC is 4.67, 𝐻𝐻 𝑆𝑆𝑆𝑆 is −4 meV/atom
(based on Chen et al.’s models [34]), and 𝛿𝛿𝛿𝛿 is 0.135, all of which fall into a range where the

formation of a single-phase BCC solid solution is expected (VEC < 6.87 [35], −15 < 𝐻𝐻 𝑆𝑆𝑆𝑆 < 5

kJ/mol [36] and 0.10 < 𝛿𝛿𝛿𝛿 < 0.15 [37]). However, the atomic size mismatch 𝛿𝛿𝑟𝑟 at the center of

the phase diagram is 8.1%, which is larger than the necessary condition for the formation of a solid
solution phase (𝛿𝛿𝑟𝑟 ≤ 6.6% [38]), and thus this criterion predicts the presence of intermetallic

compounds.
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Figure 6.8. Ternary contour plots in Nb-V-Zr system of (a) valence electron concentration (VEC); (b)
mixing enthalpy; (c) atomic size mismatch; (d) electronegativity mismatch. The equiatomic composition
is marked with an X. The data used is from [11, 30, 34].

Based on the divergent predictions and their disagreement with experimental observations,
the semi-empirical rules appear to be insufficient for determining the phase stability in the Nb-VZr system. We therefore conducted first-principles DFT calculations for a more accurate evaluation
of the phase stabilities. For the BCC phase, we calculate its Gibbs free energy (∆𝐺𝐺) considering
configurational entropy and mixing enthalpy, as shown in Figure 6.9a. While the equimolar NbVZr
solid solution exhibits a Δ𝐻𝐻𝑓𝑓 value of 0.127 eV/atom at 0 K, with increasing temperature, ∆𝐺𝐺

reduces to −0.109 eV/atom at 2500 K, indicating that the ternary BCC phase can be stabilized with
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configurational entropy. On the other hand, no stable intermetallic compounds have been reported
within this ternary phase diagram in either the Materials Project [39] or OQMD [40] databases,
except for two metastable binary ZrV2 Laves structures. In both structures, V atoms form a
tetrahedron around Zr, with Zr atoms ordered either in a diamond cubic structure (C15-Laves) or
in a hexagonal structure (C14-Laves). We found that substituting Nb atoms into the metastable
ZrV2 Laves structures stabilizes both phases by reducing Δ𝐻𝐻𝑓𝑓 , as shown in Figure 6.9b. Starting

from ZrV2, we interpolate Nb atom into the Zr sub-lattice and observe that Δ𝐻𝐻𝑓𝑓 decreases from

0.024 eV/atom to −0.059 eV/atom for the C14 phase, and from 0.042 eV/atom to −0.045 eV/atom
for the C15 phase. The stability of these two Laves phases is also predicted by a recent machine
learning model [18]. Δ𝐻𝐻𝑓𝑓 appears to be negative at NbZr3V8 for C14 and Nb5Zr3V16 for C15. The

C14 Laves phase has an overall lower Δ𝐻𝐻𝑓𝑓 than C15, which is consistent with the EBSD

measurements that show C14 is the major intermetallic phase and minor amounts of C15 are
primarily observed at the BCC/C14 phase boundaries.
The lattice parameters for both the Laves phases also decrease with Nb concentration
following Vegard’s rule [41], as shown in Figure 6.9c for the C14 phase and Figure 6.9d for the
C15 phase. The calculated lattice constants of the C14 phase range from (a, c) = (8.40 Å, 5.22 Å)
for ZrV2 to (8.13 Å, 5.11 Å) for NbV2. Experimentally, XRD results indicate that the lattice
constants are slightly larger, 8.48 Å and 5.33 Å. Similarly, DFT calculations underestimate lattice
constant for the C15 phase. The calculated range is 7.35 − 7.16 Å, smaller than XRD measurements
of 7.47 Å. This mismatch suggests the possible occupancy of larger Nb atoms on the V sub-lattice.
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We find that one NbV substitutional defect in a 48-atom supercell of NbV2 expands the volume by
0.103 Å3/atom. It increases Δ𝐻𝐻𝑓𝑓 by 0.010 eV/atom, which is small enough to be stabilized by
configurational entropy at the high processing temperatures.

Figure 6.9. DFT-calculated formation enthalpies of (a) BCC solid solution of equimolar NbVZr, and (b)
C14 and C15 structures of NbxZr1-xV2 for x ranging from 0 to 1/3. The optimized lattice parameters of (c)
C14 and (d) C15 Laves phases as a function of x.

Experimentally, we observe the C14 and C15 phases to be divided by parallel stacking faults
in the interdendritic regions, as shown in Figure 6.4b, which indicates a high density of straight
and parallel defects on (11� 1)C15 and (0001)C14 planes. Figure 6.10 shows a schematic of the
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defect structure, with each sub-layer of atoms in a unit block labeled. For a Laves structure XY2,
the capital Latin letters (A, B, C) identify a single layer with a Kagome lattice of Y atoms, which
are accompanied by three neighboring sub-layers, identified by small Greek letters (𝛼𝛼, 𝛽𝛽, 𝛾𝛾 )

denoting X atoms and small Latin letters (𝑎𝑎, 𝑏𝑏, 𝑐𝑐) denoting Y atoms. Along [0001] for C14 or

[11� 1] for C15, these four adjacent layers form a basic unit block, denoted by script letters (e.g.,
𝓐𝓐 = A𝛼𝛼𝛼𝛼𝛼𝛼), with the stoichiometric ratio of XY2. The cubic C15 Laves structure is similar to

FCC with the 𝓐𝓐𝓐𝓐𝓐𝓐 stacking sequence of the unit blocks, while hexagonal C14 is similar to HCP

with 𝓐𝓐𝓐𝓐′𝓐𝓐𝓐𝓐′ type stacking. The primed labels indicate a transformed unit block from the
original by a synchroshear process, in which two sub-layers simultaneously shear in different
directions. For instance, 𝓐𝓐 (A𝛼𝛼𝛼𝛼𝛼𝛼 ) becomes 𝓐𝓐′ (A𝛼𝛼𝛼𝛼𝛼𝛼 ) when the 𝛽𝛽 and 𝑐𝑐 sub-layers each
move by a Burger’s vector, 1/6[21� 1] and 1/6[12� 1], respectively. In the Laves phases, stacking

faults or twin faults can form by means of synchroshear with a smaller energy cost than
conventional dislocation slip [42].
In Figure 6.4b and Figure 6.10, the two solid lines ( and ) denote stacking faults that
divide the area of observation into regions where the unit blocks stack to form C14 or C15 phases.
The dashed line () indicates a twin fault in the C15 phase. It is rare to see stacking faults and
twin faults in such close proximity in a Laves intermetallic alloys. It is generally accepted that high
lattice distortion energy favors the formation of stacking faults [43]. To further examine this, we
built faulted structure models with 1 unit block and 3 unit blocks of C15 stacked parallel to C14
structures, as observed in the STEM images (e.g., Figure 6.4b). For NbV2, both of the models have
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low stacking fault energies (SFE) of 0.016 eV/atom for the 1 unit block stacking fault and 0.010
eV/atom for the 3 unit block stacking fault. Upon interpolating Zr into these faulted structures with
an atomic ratio of ~20%, SFE remains relatively low at 0.067 eV/atom for 1 unit block faults and
0.038 eV/atom for 3 unit block faults. A low SFE is expected to affect the plastic response of the
material by favoring the formation of partial dislocations and activating mechanical twinning when
strained. The stacking faults observed in the present Nb-V-Zr alloy are similar to those reported in
Hf13Nb25V62 alloys by Luzzi et al. [44], wherein extensive C14/C15 stacking faults were observed.
The SFE of C15 can be reduced by alloying [45]. In Luzzi et al.’s work [44], increasing the V
content in the Hf-Nb-V system pushed the alloy towards the C14-stable region in the phase
diagram, reducing the energy difference between a correct packing sequence (C15) and an
incorrect sequence (C14) of (111) layers.
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Figure 6.10. The atomic structure observed within the highlighted region of the HAADF image (left) is
described schematically (right). Refer to the corresponding text for the meaning of the Latin, Greek, and
script letters. The two solid lines (denoted by  and ) indicate two stacking faults that divide different
crystal structures (orange/yellow for C14 and blue/green for C15). The dashed line (denoted by )
indicates a twin fault in C15.
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6.4.2 Mechanical Properties
In Figure 6.6, the Young’s modulus of the BCC dendrites in the as-cast material, is markedly
higher than that of the laser-processed or annealed materials. The modulus value of the laserprocessed sample is slightly lower than the annealed. The higher as-cast modulus may be due to
compositional differences in the BCC phase, which has much lower Zr content than the other two
conditions. The rule of mixtures (ROM) of the moduli is defined by [46]
EROM =

∑𝑖𝑖 𝑐𝑐𝑖𝑖 𝑉𝑉𝑖𝑖 E𝑖𝑖
∑𝑖𝑖 𝑐𝑐𝑖𝑖 𝑉𝑉𝑖𝑖

Equation 6.5

where 𝑐𝑐𝑖𝑖 , 𝑉𝑉𝑖𝑖 , and E𝑖𝑖 are the ith constituent’s concentration, molar volume, and Young’s modulus,
respectively. Based on the BCC compositions obtained from SEM-EDS measurements and
elemental data from [11], Equation 6.5 estimates that the modulus of the as-cast material would be
98.2 GPa, while that of the laser-processed and annealed would be 90.7 GPa and 88.6 GPa,
respectively. While ROM does not explain the smaller difference between the laser-processed and
annealed material, the slightly higher modulus observed in the annealed state is consistent with the
observed differences in lattice parameter, as calculated from the XRD data in Figure 2, where the
BCC lattice parameter decreases from 3.35 Å to 3.31 Å with equilibration time.
The two Laves structures could not be distinguished from each other in SPM images (Figure
6.7a), although the BCC dendrites and the C14/C15 interdendritic regions could be distinguished
based on their topography. Comparing Figure 6.7a and Figure 6.7b, the regions with the higher
storage modulus corresponds to the BCC dendrites, while the interdendritic regions have a lower
storage modulus. The higher storage modulus of the BCC phase is consistent with the higher
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Young’s modulus observed via nanoindentation (Figure 6.6). As can be seen in Figure 6.7c, the
distribution of storage moduli obtained via dynamic modulus mapping could be split into 2 distinct
Gaussian distributions using the Gaussian mixture model as implemented in MATLAB. In the
software, a k-means clustering algorithm is used to select the initial parameters, and then the
iterative Expectation-Maximization algorithm is employed to optimize the model [47]. The two
distributions are centered at 71.8 GPa and 73.3 GPa, corresponding to the interdendritic regions
and the dendrites, respectively. The area fractions of the map under each peak of the histogram are
77% for the higher peak and 23% for the lower peak. This area fraction agrees with the EBSD data
in Figure 6.3, where the BCC phase makes up approximately 80 % of the area.
As shown in Table 6.1, the theoretically predicted value of Young’s modulus for the BCC
phase with equiatomic composition falls between the average nanoindentation value and the
average storage modulus measured in the dendrites. The elastic constants of the Laves phases were
also calculated for the compositions noted in Table 6.1. These compositions were estimated based
on EDS and EELS measurements, which indicated that interdendritic region are rich in V
compared to the BCC phase. C14 and C15 are both more compliant compared to the BCC solid
solution, consistent with the experimental results. The measured moduli are more consistent with
the calculated Young’s modulus for C14, since C14 was the majority phase in the interdendritic
region. Our DFT calculations indicate that the elastic modulus of Laves phases is dependent on
the atomic ratio and occupancy of Zr atoms. For instance, the theoretical Young’s modulus of C14Laves with composition NbV2, NbZrV2 (Zr on Nb sub-lattice) and NbVZr (Zr on V sub-lattice)
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are 108.9 GPa, 76.9 GPa, and 87.3 GPa, respectively. Local distortion induced by alternating
C14/C15 stacking faults can also affect the overall elastic modulus.

Table 6.1. Young’s (E), bulk (B), and shear moduli (G)and Poisson’s ratio (ν), calculated with DFT for
the compositions given in parentheses, are compared with experimentally obtained average modulus
values for the dendritic (BCC) and interdendritic (C14/C15) regions in laser-processed NbVZr.

Experimental
Eannealed*
(GPa)
C14
(NbZrV2)
C15
(NbZrV2)
BCC
(NbVZr)

70.3

77.2

Eas-cast*
(GPa)
68.1

84.0

DFT Calculations

Estor, laser-processed*
(GPa)

E
B
(GPa) (GPa)

G
(GPa)

ν

76.9

159.1

27.1

0.42

32.3

125.9

11.09

0.46

82.1

120.8

29.6

0.39

71.8

73.3

*Eannealed and Eas-cast were measured with nanoindentation. Estor, laser-processed was obtained from the mean of
the corresponding Gaussian distributions fitted by the Gaussian mixture model.

As noted in Figure 6.6, the hardness of the as-cast and laser-processed material increase
linearly with the amount of interdendritic material included in the nanoindentation sampling
volume. To investigate the corresponding deformation mechanism, we examined the
microstructure of the laser-processed sample with multi-beam bright field TEM, shown in Figure
6.11. Figure 6.11a shows an undeformed region, where two Laves particles with different
crystallographic orientations are observed embedded in the BCC matrix. The inset shows the
electron diffraction pattern from the [110]C15 zone axis of the particle labeled Laves I. Note that

the diffraction spots are sharp and distinct. Figure 6.11b shows the deformed microstructure in the

vicinity of a nanoindent. A high concentration of entangled dislocations is observed inside the BCC
129

matrix, and dislocation pileups are observed at the interphase boundary. In the Laves phase, the
prominent streaking of the diffraction spots along {111}C15 //(0001)C14 provides evidence of the

high density of stacking faults after deformation. In contrast to single screw dislocation glide in
the BCC structure [5, 48, 49], dislocation nucleation in Laves phases is difficult as it is closely
related to the formation of unstable stacking faults, where the sub-layers are displaced by a half
Burger’s vector as opposed to a full Burger’s vector to form a stable stacking fault [50-52]. A firstprinciples study [42] indicated that the energy required to form these unstable stacking faults via
synchroshear is large, albeit reduced relative to conventional slip. Additionally, due to complicated
structures of the Laves phases, the propagation of dislocations is also difficult. Thus, the interphase
boundary acts as an obstacle to dislocation motion, and the dislocation pileup necessary to generate
the (stable) stacking faults in the Laves phase contributes to the enhanced strength (hardness) as
the interdendritic fraction increases (Figure 6.6).

Figure 6.11. Multi-beam bright field TEM images of the microstructure in the laser-processed sample. (a)
Prior to deformation: Two Laves particles (Laves I and Laves II) with different orientations are embedded
in the BCC matrix. The electron diffraction pattern is taken from the [110]C15 zone axis. (b) Deformed
microstructure near a nanoindent: The electron diffraction pattern taken from the [110]C15 //[112� 0]C14
zone axis indicates prominent streaking spots along zone axis {111}C15 //(0001)C14 , which indicates a
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high density of stacking faults. A high concentration of entangled dislocations is observed inside the BCC
matrix and an example of dislocation pile up at the interphase boundary is indicated by the red arrow.

Unlike the microstructure we observe in the present study, several compositions in the HfNb-V and Cr-Nb-V refractory systems have been reported to form a dendritic C15 majority phase
with BCC as the minor interdendritic phase [53-56]. Although Livingston and Hall [57] pointed
out that twinning as well as dislocation motion accommodate deformation in C15 phases, these
alloys with substantial fraction of Laves phases showed limited plasticity (< 5%) at low
temperature. As described above, in the present work, the mechanical properties of NbVZr are
mainly governed by the more ductile BCC phase, while the Laves phases strengthen the alloy.
As widely reported in elemental FCC metals, lowering the SFE in C15 phase increases the
chance of deformation twinning, which can act as an additional deformation mode and increase
the ductility of the alloy [58]. While low SFE structures are observed in some interdendritic regions
in the present work, how these microstructures influence the mechanical properties at a larger scale
requires further investigation. However, as shown in this study, by tailoring the composition to
adjust the amount of C14 and C15 Laves phases, the Nb-V-Zr alloys have potential to act as a
model system for investigating deformation mechanisms in multi-phase refractory metal MPEAs.

6.5 Conclusions
The structures and mechanical properties of an equiatomic NbVZr complex concentrated
alloy were studied in the annealed, as-cast, and laser-processed conditions, as part of an effort to
develop laser processing as a high-throughput synthesis method for screening potential RCCAs.
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The configurational entropy of the three-component system is not sufficient to stabilize a singlephase BCC solid solution. In addition to a dendritic BCC phase, two Laves phases are observed in
the interdendritic regions: a continuous hexagonal C14 phase and isolated regions of cubic C15
phase. First-principles calculations indicate that Nb additions increase the stability of the C14 and
C15 phases. Nanoindentation measurements and TEM observations indicate that the Laves phases
strengthen the material, as dislocations pile up at the interphase boundary between the softer BCC
dendrites and the C14/C15 interdendritic regions, resulting in the creation of stacking faults in the
Laves phase. The SFE was found to range from 0.038 eV/atom for (3 unit block stacking fault) to
0.067 eV/atom for (1 unit block stacking fault), as obtained from first-principles calculations. The
low SFE suggests deformation twinning may be a possible deformation mode in the brittle Laves
phases, which requires further investigation. This alloy system can serve as a prototype to
investigate the competition between random solid solutions and intermetallics, as well as the
competition of different Laves phases, and their effect on the mechanical properties. Furthermore,
the NbVZr alloy serves as a starting point for more comprehensive studies of RCCAs that have
potential for high-temperature applications by taking advantage of thermally stable nanoscale
precipitation and the low SFE structures tailored by compositions and processing conditions.
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Chapter 7: A Combinatorial Approach to
Map Structures and Mechanical Properties
in Nb-Ti-V-Zr
7.1 Introduction
A number of equiatomic MPEAs possess outstanding mechanical properties [1]. The most
well-known of these is the Cantor alloy (equiatomic CoCrFeMnNi) [2], which forms a single FCC
phase solid solution and exhibits excellent room temperature and cryogenic mechanical properties
[3-6]. In order to modify and improve the properties, subsequent efforts involve adding one
element to the known equiatomic MPEAs and grading the element [7-12]. However, these
successful cases only constitute a tiny fraction of MPEAs, which contrast the trend of MPEAs in
two ways: 1) the microstructures do not have to be restricted to single phase solid solutions; and
2) the constituents do not have to be equal in concentration. These limitations are due to the very
initial MPEA design strategy, which completely relies on the maximization of the configurational
entropy with the hope to eliminate intermetallic compounds [13, 14]. Regarding the first limitation,
as demonstrated by Otto et al. [15], the curvature of the configurational entropy surface near the
center is rather large. Therefore, a wide range of compositions outside of equiatomic can also yield
comparable entropies. Additionally, Miracle et al. have proposed ideas of MPEAs strengthened by
secondary phase precipitations, analogous to steels and Ni superalloys [16]. On the second
limitation, efforts to study non-equiatomic MPEAs have been dedicated to the very first
composition of MPEA, Co-Cr-Fe-Mn-Ni [17-20], as well as several other alloy systems [21, 22].
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Asghari-Rad [20] reported improved tensile strength in Co10Cr15Fe35Mn5Ni25 than its equiatomic
counterpart. El-Atwani [22] found outstanding radiation resistance in C15Ta36V11W38. However,
the increased complexity of non-equiatomic compositions poses rigorous challenges for
conventional serial casting. To address this, Pradeep et al. [17] employed the rapid alloy
prototyping approach, which only fabricates up to 5 compositions at a time. Kauffmann et al. [19]
used a diffusion quintuple (5 components) to study Co-Cr-Fe-Mn-Ni, but there exist dimensional
difficulties in machining needed to produce intimate mutual contact when the number of metal
blocks exceeds 4.
Among refractory metal MPEAs, NbTiVZr is a single BCC solid solution alloy that is widely
accepted for its high specific strength and good resistance to softening up to 873 K [23]. However,
there lacks a systematic study of the effects of composition on structures and properties. Here, we
will employ direct laser deposition (DLD) to create a Nb-Ti-V-Zr composition library, which
continuously grades the constituent elements. The crystal structures, microstructures, hardness, as
well as elastic modulus are mapped against composition. This method can be extended to all
complex alloy systems; a complete knowledge of the role each element plays will significantly
expedite the design of refractory MPEAs candidates for high-temperature applications.

7.2 Materials and Methods
The raw materials, comprised of a V substrate (Fisher Scientific) and Nb, Ti and Zr powders,
have a purity of at least 99.0 wt. %. The V substrate was sectioned to 22.9 × 22.9 × 5 mm. The
Optomec MR-7 Laser Engineered Net Shaping (LENSTM) instrument was used to fabricate Ti, Zr
138

and Nb layers in order. For each layer, 37 hatches are involved. The reason for the order is that TiV are fully miscible at elevated temperatures and forming Ti-V binary solid solutions decreases
melting temperature to ensure better mixing of the two constituents. Zr was subsequently deposited
for the same reason. Although only three species of powders are deposited, the content of V in the
library can be varied with the total amount of powders incorporated in the three layers. The laser
power and the powder feed rates were set constant for each hatch, while the laser velocity varied
in the range of 8.47 – 46.6 mm/s (0.33 – 1.83 in./s) to control the amount of the powders injected
into the substrate. To reduce thermal stress and to avoid crack formation, a zig-zag scanning pattern
was followed. The traversing direction turned 90° relative to the previous layer. The parameters
are tabulated in Table 7.1. The as-deposited quaternary Nb-Ti-V-Zr library with the size of 0.75 ×
0.75 inch (19.05 × 19.05 mm) is shown in Figure 7.1. The laser-processed surface was ground with
up to 1200 grit sandpaper, and polished with 0.02 μm silica colloidal suspension. Prior to
characterization, the library was cleaned in sonicated baths of acetone and methanol.

Table 7.1. Parameters used in direct laser deposition.

Powder

Composition

Element

Gradient Direction

(W)

(mm/s)

(rpm)

Layer 1

Nb

+y

250

16.9 – 46.6

3.7

Layer 2

Ti

–x

250

8.47 – 23.3

4

Layer 3

Zr

–y

250

8.47 – 23.3

4.6

Layer #
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Laser Power Laser Velocity Feed Rate

Figure 7.1. (a) A photograph of as-deposited Nb-Ti-V-Zr library. (b) Schematic view of the library, with
the arrows indicating the direction of the concentration gradients of the corresponding element.

To identify the phases in the entire library, the polished surface was scanned with X-ray
diffraction (XRD, Rigaku D-MAX/A diffractometer with Cu-Kα radiation operating at 35 kV / 35
mA) in a range of 20 – 100° (2θ). A total of 42 areas of interest were characterized in microscale.
The observation of microstructure was performed using a scanning electron microscopy (SEM,
Thermofisher Quattro S) operating at 20 kV accelerating voltage and 10 mm working distance,
and the distribution of crystallographic phases was identified by electron backscattered diffraction
(EBSD, Oxford Symmetry, equipped with SEM). The composition of each site was determined
using energy dispersive X-ray spectroscopy (EDS, Oxford Aztec Live X-Max Energy, also
equipped with SEM).
Structural characterization of the quaternary library in smaller scales was carried out using
transmission electron microscopy (TEM, JEOL JEM-2100F Field Emission (S)TEM). TEM foils
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were sectioned and thinned with a ThermoFisher Scios 2 focused ion beam (FIB). For consistency,
all of the cross-sectional foils were taken from the center of the laser tracks, and oriented
perpendicular to the laser travel direction. A lower accelerating voltage of 2 kV was used in the
final thinning step to reduce Ga+ ion penetration into the sample.
The mechanical properties of the sites of interest, including hardness and modulus, were
examined with nanoindentation using a Hysitron TI 950 Triboindenter equipped with a diamond
Berkovich indenter tip. Nanoindentation was performed at a loading and unloading rate of 1000
μN/s up to a maximum load of 5000 μN. The indents were spaced at least 10 μm apart. Loaddisplacement data was used to determine the reduced modulus, Er, and hardness, H, using the
method developed by Oliver and Pharr [24]. The Young’s modulus, E, was obtained from reduced
modulus, using the equation:
1 − ν2 1 − ν′2
1
=
+
E
E′
Er

Equation 7.1

where E′ and ν′ are the Young’s modulus and Poisson’s ratio, respectively, of the diamond

indenter tip, and ν is the Poisson’s ratio of the sample, which is assumed to be 0.4 in the

calculation. For each site, results were obtained by averaging at least 4 individual nanoindentation
measurements.
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7.3 Results
7.3.1 Microstructures
The quantity of powders deposited is fine-tuned by varying the laser travel speed as noted in
Table 7.1. As a result, the concentration range for each element is as follows: Nb ranges 4.6 – 51.3
at.%, Ti 2.4 – 44.1 at.%, Zr 5.4 – 39.9 at.%, and balance V. To have an overview of the crystal
structures in the Nb-Ti-V-Zr library, the XRD of the library is shown in Figure 7.2. The pattern is
a summation of 4 XRD spectra. Similar to the equiatomic composition in the system, BCC is the
majority phase. There are at least 3 BCC phases with different lattice parameters in total. Notably,
all the BCC peaks exhibit broadening in 2θ values, especially BCC1 and BCC2. The lattice
parameters of the 3 BCC phases are calculated to be 3.54 Å, 3.22 Å and 3.10 Å for BCC1, BCC2
and BCC3, respectively, where the 2θ values of the broadened 110 peaks with the maximum
diffraction intensity are used.

Figure 7.2. X-ray diffraction pattern of the entire library. In total, the discernable peaks indicate 3 BCC
solid solution phases with different lattice parameters, as well as one FCC phase.
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There are a significant number of MPEAs in the library as the concentrations of the
constituents differ in a continuous manner, but 42 compositions are selected based on a 6 × 7 grid
in the library for detailed characterization of crystal structures, microstructures, and mechanical
properties, as tabulated in Table 7.2. The crystal structures were also determined by EBSD. Note
the intermetallic phases that were not discerned by XRD. However, 4 MPEAs with duplex BCC +
Laves structures were identified by EBSD, as well as 7 distinctive interconnected periodic orderdisorder two-phase microstructure formed by spinodal decomposition (spinodal microstructure).
The mechanical properties are also included. The crystal structure results are mapped as a function
of composition in a regular tetrahedron, as shown in Figure 7.3. As an extrapolation of a triangular
ternary phase map, the 3-dimensional tetrahedron represents a (non-equilibrium) quaternary map
describing the quenched phases as observed at room temperature. The four vertices correspond to
pure elements, points on the four edges correspond to binary compositions, points on the four faces
correspond to ternary compositions, while points within the tetrahedron are comprised of all the
four constituent elements.
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Figure 7.3. The phase map of 42 different compositions probed in the Nb-Ti-V-Zr library, plotted in a
quaternary diagram.

The microstructures of the 42 sites were observed using SEM. As shown in Figure 7.4, three
types of microstructures were identified in the quaternary library: dendrites, planar growth, and
the spinodal microstructure. The backscattered electron images for the microstructures are shown
in Figure 7.5 and Figure 7.6. For each micrograph with a dendritic structure, the primary dendrite
arm spacing (PDAS) was measured as the indicator of feature size with ImageJ and was plotted in
the yellow-orange-red color scale in Figure 7.4. The spacing values range from 0.3 to 3.2 μm.
Among the dendritic microstructures, the elemental separations in dendrites and interdendritic
regions are not all the same, as indicated by the EDS line scans in Figure 7.5. In addition to
different magnitudes of segregations, in the V-rich compositions (when V contents exceed 40%,
e.g., Figure 7.5a), Zr segregates to the interdendritic regions, while the other three elements are
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enriched within the dendrites. On the other hand, Zr and V tend to segregate together in the
interdendritic regions when V content reduces to 28.3 at. %, as shown in Figure 7.5c. By
considering all the EDS line scan results, the way the elements segregate only depends on the V
concentration, regardless of the contents of Nb, Ti or Zr. This transition occurs between 28.3 –
30.2 at. %.

Table 7.2. Measured compositions, structures, and mechanical properties of 42 MPEAs in the Nb-Ti-V-Zr
library. The errors are obtained by calculating the standard deviation of at least 4 individual
measurements.
Measured Compositions
Nb (at%)

Ti (at%)

V (at%)

Zr (at%)

Crystal

Micro-

Structure

structure

H (GPa)

E (GPa)

S1

11.2±0.5

6.5±0.2

45.4±1.6

36.9±1.7

BCC

planar

7.57±0.26

77.7±2.3

S2

4.6±0.2

23.7±0.5

51.4±2.1

20.3±0.7

BCC

dendrites

4.66±0.17

104.9±4.3

S3

5.9±0.1

38.4±1.7

44.6±1.8

11.1±0.1

BCC

dendrites

5.16±0.83

108.5±6.7

S4

7.5±1.2

33.1±1.5

41.6±1.2

17.8±1.2

BCC

dendrites

5.09±0.23

103.0±3.3

S5

7.7±0.4

28.8±1.9

42.2±1.3

21.3±1.2

BCC

dendrites

4.88±0.18

100.0±4.3

S6

7.8±0.2

27.0±1.3

50.2±1.7

15.0±0.2

BCC

dendrites

5.42±0.81

110.8±3.0

S7

8.3±0.3

19.6±1.3

51.8±2.0

20.3±1.3

BCC

dendrites

5.61±0.20

113.2±1.7

S8

8.3±0.6

22.6±1.3

48.8±1.1

20.3±0.2

BCC

dendrites

5.11±0.39

101.8±5.6

S9

9.1±0.4

29.1±0.3

49.7±1.6

12.1±0.1

BCC

dendrites

5.85±0.24

111.5±1.9

S10

10.3±0.3

20.3±1.3

59.5±1.5

9.9±0.2

BCC

dendrites

5.11±0.21

117.2±2.9

S11

10.5±0.2

22.8±0.3

41.5±1.1

25.2±0.5

BCC

dendrites

5.11±0.68

98.2±3.1

S12

11.1±0.1

2.9±0.4

62.2±2.2

23.8±1.1

BCC

dendrites

7.13±0.08

100.0±2.7

S13

14.8±0.5

35.0±0.9

45.0±2.3

5.2±0.2

BCC

dendrites

6.11±0.51

127.6±2.9

S14

18.7±0.6

5.9±0.3

48.6±0.4

26.8±1.4

BCC

dendrites

7.12±0.21

111.9±3.8

S15

21.3±0.7

15.3±1.2

41.0±2.2

22.4±0.5

BCC

dendrites

6.03±0.88

98.4±5.2

S16

21.5±1.4

41.4±0.8

31.7±1.5

5.4±0.3

BCC

dendrites

6.07±0.40

121.7±4.9

S17

22.3±0.3

21.5±0.7

33.9±1.3

22.3±0.6

BCC

dendrites

6.08±0.39

111.7±3.8

S18

23.8±1.1

31.8±1.3

26.5±1.2

17.9±0.8

BCC

dendrites

6.28±0.95

111.5±2.9

S19

25.4±1.1

20.2±0.2

31.9±2.3

22.4±0.4

BCC

dendrites

6.97±0.10

114.9±2.3

S20

26.6±1.2

34.1±1.2

21.9±0.8

17.4±1.3

BCC

dendrites

5.25±0.01

100.3±1.5

S21

27.3±1.5

35.7±1.4

24.8±1.2

12.2±1.3

BCC

dendrites

5.74±0.11

112.7±5.0

S22

28.1±1.1

20.0±0.5

30.2±0.1

21.7±0.1

BCC

dendrites

7.22±0.56

116.6±2.5

S23

28.3±2.2

15.0±1.3

37.7±2.5

19.0±0.2

BCC

dendrites

7.27±0.53

114.4±5.1

S24

30.9±1.2

15.4±0.2

37.7±2.1

16.0±0.6

BCC

dendrites

6.81±0.42

118.2±1.5
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S25

31.9±0.4

33.6±1.6

28.3±1.2

6.2±0.3

BCC

dendrites

5.65±0.31

122.2±3.9

S26

33.2±1.9

39.7±1.4

21.6±1.2

5.5±0.4

BCC

dendrites

6.09±0.44

132.3±0.3

S27

33.4±1.2

21.5±1.9

11.5±0.6

33.6±1.5

BCC

dendrites

6.68±0.34

79.6±1.3

S28

34.3±1.8

18.2±0.3

28.6±0.7

18.9±1.4

BCC

dendrites

5.51±0.23

102.7±2.3

S29

41.4±1.4

25.4±1.1

27.4±1.4

5.8±0.4

BCC

dendrites

5.01±0.05

131.3±4.4

S30

44.3±1.9

12.5±0.9

38.1±1.4

5.1±0.2

BCC

dendrites

4.88±0.51

88.0±2.6

S31

51.3±1.4

11.2±0.7

22.4±1.3

15.1±0.5

BCC

dendrites

4.97±0.07

87.2±3.6

S32

25.6±0.5

10.4±0.3

24.1±1.4

39.9±0.2

B+L

dendrites

6.52±0.34

97.7±2.8

S33

25.8±0.2

10.5±0.6

31.8±1.1

31.9±1.3

B+L

dendrites

7.17±0.03

110.7±6.9

S34

30.3±0.7

2.4±0.3

41.7±2.1

25.6±0.4

B+L

dendrites

7.78±0.45

125.6±2.1

S35

31.0±0.8

18.0±0.7

20.0±1.2

31.0±1.9

B+L

dendrites

6.55±0.86

87.4±1.7

S36

24.6±2.1

26.0±0.9

30.9±1.1

18.5±1.3

B+S

spinodal

7.67±0.30

118.8±0.8

S37

26.2±0.8

44.1±0.9

21.3±0.8

8.5±0.4

B+S

spinodal

7.41±0.23

128.5±3.1

S38

26.7±1.2

6.7±0.4

35.8±1.5

30.8±0.9

B+S

spinodal

8.10±0.73

124.3±2.7

S39

30.5±1.8

30.5±1.3

25.1±1.1

13.9±0.3

B+S

spinodal

7.18±0.13

122.2±3.2

S40

31.2±1.8

25.3±1.3

27.2±1.4

16.4±0.3

B+S

spinodal

7.23±0.16

121.3±1.4

S41

31.5±1.1

29.0±1.1

27.5±1.1

11.9±0.6

B+S

spinodal

7.46±0.42

118.2±4.9

S42

36.0±2.1

15.7±0.3

28.1±0.8

20.1±0.2

B+S

spinodal

7.35±0.28

127.3±0.6

BCC: single solid solution BCC; B+L: duplex BCC + Laves; B+S: duplex BCC + B2 or BCC + D03.

Figure 7.4. The microstructure map in Nb-Ti-V-Zr quaternary MPEA system. The yellow-orange-red
palette represents the dendritic microstructure, where the scale indicates the length scale of the primary
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dendrite arm spacing. The blue symbol represents the planar microstructure, and green symbol represents
spinodal microstructures.

Figure 7.5. SEM backscattered electron images of the dendritic microstructures and the corresponding
EDS line scan results of (a) S5, Nb7.7Ti28.8V42.2Zr21.3, (b) S22, Nb28.1Ti20.0V30.2Zr21.6 and (c) S25,
Nb31.9Ti33.6V28.3Zr6.2. All the compositions form single BCC dendritic microstructure. The probing lines
are horizontally positioned at the center of each image, as indicated in the SEM images.

In the library, there are 7 MPEAs that solidified into spinodal microstructures and 1 MPEA
that exhibited planar growth, as shown in Figure 7.6. The planar microstructure is fully BCC, as
confirmed by EBSD (Figure 7.6c). EBSD measurements indicate that the phase structure only
includes BCC phase. Nevertheless, as discussed in Chapter 3, some ordered phases cannot be
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distinguished from BCC by EBSD, as it is beyond EBSD’s capabilities to capture superlattice
diffractions.

Figure 7.6. SEM micrographs comparing (a-c) planar microstructure in S1, Nb11.2Ti6.5V45.4Zr36.9 and (d-f)
spinodal microstructure in S38, Nb26.7Ti6.7V35.8Zr30.8. (a, d) Backscattered electron images; (b, e)
corresponding EBSD crystal orientation maps; (c, f) corresponding phase maps.

TEM is used to identify the phases in Nb26.7Ti6.7V35.8Zr30.8 (S38, Figure 7.6d-f), as shown in
Figure 7.7. The selected area electron diffraction (SAED) pattern (inset) exhibits a weak B2 (cF2,
CsCl prototype) superlattice reflection. The BCC and B2 phases are coherent, both oriented to the
zone axis (𝑧𝑧 = [001]). Based on the results from EDS in TEM, the average composition of the

BCC phase is Nb28.4Ti6.9V36.2Zr28.5, while B2 is Nb26.2Ti6.8V34.8Zr32.2. B2 is slightly enriched in Zr,
and vice versa for BCC phase. However, this compositional difference cannot be distinguished
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from error, as it is not significant as a result of rapid solidification inherent to laser processing.
Additionally, there exists a large density of dislocations while the sample is not deformed,
indicating the high thermal stress. Similar observation is reported in the equiatomic NbVZr sample
(Chapter 6).

Figure 7.7. Bright field TEM image of the BCC/B2 spinodal microstructure in S38, Nb26.7Ti6.7V35.8Zr30.8.
The zone axis is [001]. The electron diffraction pattern in the inset indicates the existence of B2
superlattice.

An additional type of spinodal ordering, D03 (cF16, BiF3 prototype, equivalent to the L21

Heusler structure), is observed in S37, Nb26.2Ti44.1V21.3Zr8.5, as shown in the high-resolution TEM
(HRTEM) image in Figure 7.8. The Fast Fourier Transform (FFT) of the D03 phase (top right
inset in Figure 7.8) indicates that it has a similar symmetry as FCC at 𝑧𝑧 = [110]D03 . The BCC

domain is located in the bottom left corner in Figure 7.8, and has lower symmetry from the
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direction of observation, as shown in the FFT (bottom right inset). The FFT graphs reveal a
relationship in orientation, {11� 0}BCC //{22� 0}D03 . Nevertheless, there exist a number of edge
dislocations, as indicated by white “⊥” symbols. A rotational mismatch between the two lattices is
also measured to be 4.9°. These mismatches in planar distances as well as orientations imply that
the interface between the D03 and BCC phases is not fully coherent, which will be discussed
afterwards.

Figure 7.8. The HRTEM image of S37, Nb26.2Ti44.1V21.3Zr8.5, and the FFT (insets) of boxed regions. The
zone axis is [110]D03 . The corresponding backscattered electron image is in the top left corner. The two
phases share a semi-coherent interface. The orientation of D03 and BCC follows the relation
{22� 0}D03 //{11� 0}BCC . The white “⊥” symbols stand for edge dislocations, which accommodate the
mismatch in planar distances. Besides, there is also a 4.9° rotational difference between D03 and BCC
lattices, as indicated by the angle measurements in the FFTs.
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7.3.2 Mechanical Properties
Results of the elastic modulus and hardness were collected with instrumented nanoindentation
and plotted in a quaternary map as a function concentration of Nb, Ti, V and Zr, as shown in Figure
7.9. The elastic modulus ranges from 65 to 132 GPa. A distinct trend with regard to composition
can be observed. The modulus reaches maximum when Nb content is highest (bottom right corner
in Figure 7.9a), as well as the compositions at the V-end except for an outlier with low stiffness
(bottom left corner). On the other hand, the few dark datapoints at the top indicate the lower elastic
modulus for high Zr concentrations. In the middle of the quaternary map, the elastic moduli have
intermediate values. It is worth to note that the planar microstructure has one of the lowest moduli
(77.7 GPa), while the spinodal microstructures locate in the upper range of the elastic moduli
(118.2 – 128.6 GPa).
The nanoindentation hardness ranges from 4.66 to 8.10 GPa in the Nb-Ti-V-Zr system, as
shown in Figure 7.9b. In contrast to elastic modulus, no clear correlation to composition was
recognized. However, clustering in hardness measurements is observed. All the spinodal
microstructures have relatively large hardness values (7.18 – 8.10 GPa), as does the planar
structure (7.57 GPa). Interestingly, compositions with low hardness gather to form two groups,
one with high Nb content (bottom right corner in Figure 7.9b), while the other depleted in Nb
(close to the face opposite to the Nb vertex in Figure 7.9b).
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Figure 7.9. Maps of (a) elastic modulus and (b) nanoindentation hardness in the quaternary Nb-Ti-V-Zr
system.

7.4 Discussion
7.4.1 Microstructures
The XRD of the quaternary Nb-Ti-V-Zr library identifies three sets of BCC peaks, free of any
intermetallic reflections (Figure 7.2). The absence of intermetallic phases in the XRD pattern in
this work can be a result of the small amount compared to the major BCC phases in the big picture,
whose responses are more easily noticeable. Regarding the BCC peaks, broadening is observed,
e.g., the full width at half maximum (FWHM) is 1.4° (2θ) for the (110) peak of BCC2. However,
to be clear, this broadening is due to the shift in lattice parameters in different compositions, in
addition to the refined grain size as well as increased microstrain and dislocation densities caused
by high cooling rates inherent to laser processing [16, 25].
The consistent laser processing parameters employed throughout the synthesis process gives
similar processing conditions of the entire compositional library. This means the microstructure
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evolution in the library is mainly a result of composition assuming the thermal properties does not
change significantly across the library, as opposed to the microstructural library in Chapter 4.
Laves phases are observed when Ti is less than 18.0 at. % while other 3 elements are equally
abundant, in which case the crystal structure is close to NbVZr. On the contrary, BCC is stable
when only Nb, V or Zr is depleted. When the content of Nb and V is sufficiently high, the phase
formation is governed by the “solution” phase, e.g., Nb18.7Ti5.9V48.6Zr26.8 (S14) and
Nb11.1Ti2.9V62.2Zr23.8 (S12). Also, Laves phases disappear near equiatomic compositions, stabilized
by configurational entropy.
We identified two additional intermetallic compounds in the spinodal microstructures, B2 and
D03 , with the aid of TEM. In Figure 7.6d, B2 appears as the bright continuous phase, which is

enriched in Zr and depleted in Nb and V. The formation of BCC/B2 spinodal microstructures is
also observed in other MPEAs, such as in AlCoCrFeNi (Chapter 3 and Chapter 4) and
Al0.5NbTa0.8Ti1.5V0.2Zr [26-28]. In the alloy [28], the elemental distribution was the same as the
spinodal microstructure in this work. The phase fractions and morphologies are also similar to
what is shown in Figure 7.6d and Figure 7.7. Based on the {110} reflection in SAED (Figure 7.7),
the lattice parameters are assessed as 𝑎𝑎BCC = 3.31 Å and 𝑎𝑎B2 = 3.37 Å . Both lattices can be

accounted for by the broadened peaks BCC2, while B2 has larger lattice parameter due to higher

Zr content, in accordance with rule of mixtures (ROM). The misfit, 𝛿𝛿, for the BCC/B2 structure
in S38 is therefore 1.7%, as calculated by

𝛿𝛿 =

2|𝑎𝑎1 − 𝑎𝑎2 |
(𝑎𝑎1 + 𝑎𝑎2 )
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Equation 7.2

where 𝑎𝑎1 and 𝑎𝑎2 are the lattice constants of two crystal structures. Due to the relatively large 𝛿𝛿

(> 0.6%), the microstructure consists a continuous thin B2 network with isolated BCC islands, in
contrast to the γ-γ’ microstructure typically found in Ni-based superalloys, in which case the lattice
misfit is smaller.
110
220
By directly measuring the plane spacings (𝑑𝑑BCC
= 2.32 Å and 𝑑𝑑D0
= 2.17 Å ) from the
3

HRTEM images, the lattice constants for the BCC and D03 phases in S37 (Nb26.2Ti44.1V21.3Zr8.5)

are 𝑎𝑎BCC = 3.28 Å and 𝑎𝑎D03 = 6.14 Å. The planar distance mismatch, as calculated by Equation
7.2, is 6.7%. The large mismatch leads to formation of dislocations, and hence the BCC-D03

interface has a semi-coherent nature. The D03 ordering has not yet been reported anywhere in

MPEAs. In contrast to BCC/B2 spinodal decomposition, the phase transformation may not be
driven by the difference in shear modulus [28, 29]. With the kinetic mean-field approximation
approach, Belashchenko et al. [30] illustrated that the BCC → BCC + D03 transformation can
occur by interactions of anti-phase boundaries, in absence of elastic effects. However, the D03

phase is a transient intermetallic structure to form stable B2. The observation of the D03 crystal

structures can be attributed to two factors, the sluggish kinetics in MPEAs, and the high cooling
rates of laser processing. The microstructures observed in S37 (top left inset in Figure 7.8) is
considerably analogous to the simulated BCC/D03 morphologies (Figure 10d-f in [30]).

For the dendritic microstructures with purely solid solution BCC, the PDAS values were

plotted (Figure 7.4). Note that the duplex BCC + Laves microstructures are also included, as they
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are also dendritic. In this case, as derived by Kurz and Fisher [31], PDAS is determined by
diffusivity, melting range, and distribution coefficient,
∆𝑇𝑇𝑇𝑇 0.25
�
PDAS ∈ �
𝑘𝑘

Equation 7.3

where the melting range, ∆𝑇𝑇, is calculated by the liquidus-solidus temperature difference, 𝐷𝐷 is
the diffusivity, and the distribution coefficient, 𝑘𝑘, is defined as the concentration ratio of solidified

tip to liquid. Assuming ∆𝑇𝑇 and 𝑘𝑘 are not sensitive to composition, the PDAS is positively
dependent on diffusivity. This can give a qualitative view of diffusivities in MPEAs, as
comprehensive diffusivity data in the current Nb-Ti-V-Zr system is yet to be measured. In Figure
7.4, an increasing trend is identified from V-rich vertex to the Zr-Nb edge. Similar observations in
NbTiVZrx were reported in [32]. On the other hand, we discovered no clear correlation to Ti
content. These findings suggest increased Zr and Nb are attributed to quicker diffusion, while V
retards the overall kinetics.

7.4.2 Mechanical Properties
The variations of mechanical properties in the Nb-Ti-V-Zr system were characterized using
nanoindentation. Generally, elastic modulus is expected to be insensitive to microstructures, and
rule of mixtures is proved to be sufficiently accurate in the 252 different refractory MPEA families
[33], and the elastic modulus is estimated by
EROM =

∑𝑖𝑖 𝑐𝑐𝑖𝑖 𝑉𝑉𝑖𝑖 E𝑖𝑖
∑𝑖𝑖 𝑐𝑐𝑖𝑖 𝑉𝑉𝑖𝑖

Equation 7.4

where 𝑐𝑐𝑖𝑖 , 𝑉𝑉𝑖𝑖 and E𝑖𝑖 are the atom fraction, molar volume, and elastic modulus of the ith element,

respectively. Indeed, for all the 42 probed compositions, the errors of the prediction by rule of
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mixtures with regard to experimental measurements (𝜀𝜀 =

2|EROM −E|
EROM +E

) are satisfyingly small (< 10%)

with only a small number of exceptions, as shown in Figure 7.10. The ROM technique is an ideal
tool for the quick screening of MPEA compositions. The accuracy results from the compositionas well as molar volume-weighted average, in which case the bond strength and the bond length
are both considered. However, in some cases ROM fails to consider important interactions among
constituent elements (e.g., increasing E with Al in Chapter 3). Significant deviations can happen
from experimental results and CALPHAD predictions [33].

Figure 7.10. The plot of errors between rule of mixtures in elastic modulus and the experimental
measurements, as calculated by 𝜀𝜀 =

2|EROM −E|
EROM +E

.

In accordance with the observation in Chapter 6, Laves phases strengthen the material when
we compare the hardness of Nb30.3Ti2.4V41.7Zr25.6 (S34, 7.78 GPa) with some surrounding BCC
compositions (e.g., in S24, Nb30.9Ti15.4V37.7Zr16.0, H = 6.81 GPa). The length scale of
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nanoindentation is in micrometers, and therefore nanoindentation is not capable of capturing the
effects of interfaces on hardness in the dendritic microstructures. Solid solution strengthening is
responsible for the trend in hardness of BCC structures. The overall atomic mismatch, 𝛿𝛿𝛿𝛿 , is

assessed as a function of composition with Equation 1.3, 𝛿𝛿𝛿𝛿 = �∑𝑖𝑖 𝑐𝑐𝑖𝑖 (1 − 𝑟𝑟𝑖𝑖 /𝑟𝑟̅ )2 , as shown in
Figure 7.11. This can explain the clustered minimum hardness measurements near the Nb-rich
vertex. Nevertheless, the soft cluster depleted in Nb is mainly due to reduced shear modulus [34,
35]. The hard spots in Figure 7.9b largely take place in two-phase spinodal microstructures, as a
result of the coherency strain caused by lattice mismatches. The BCC/B2 spinodal microstructures
remain up to 600 °C [27], providing these compositions the potential as future high-temperature
structural materials. However, the stability of BCC/D03 is expected to be inferior to BCC/B2 as a
transient structure. Additional work is needed for the thermodynamics of the intermetallic
compounds in MPEAs.
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Figure 7.11. Atomic mismatch variations in Nb-Ti-V-Zr system. The atomic mismatch is calculated by
𝛿𝛿𝛿𝛿 = �∑𝑖𝑖 𝑐𝑐𝑖𝑖 (1 − 𝑟𝑟𝑖𝑖 /𝑟𝑟̅ )2 .

7.5 Conclusions
In this work, we successfully synthesized and characterized 42 non-equiatomic compositions
in Nb-Ti-V-Zr MPEA system with the CHT methods. The microstructures and mechanical
properties are mapped in a tetrahedral map. The compositional effects on crystal structure,
microstructure and mechanical properties are evaluated. The spinodal phase strengthened
compositions have potential for high-temperature applications. Material libraries are proved to
accelerate the synthesis of MPEAs. Yet, the exploration of the vast compositional space of nonequiatomic MPEAs is still not efficient to the maximum extent due to limited capability in
characterization, especially in crystal structure identification. Characterization techniques need to
be more automated and parallel to further expedite the necessary data collection for the on-demand
design of MPEAs.
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Chapter 8: Conclusions
8.1 Summary
The research in this thesis work developed direct laser deposition (DLD)-based combinatorial
high-throughput methodology to address the challenge posed by the vast compositional space of
multiprincipal element alloys (MPEAs). The method was applied to two MPEA families.
For the validation of the approach, the laser-fabricated 3d transition metal MPEAs were
compared with cast materials. By depositing Al to a CoCrFeNi substrate, a library composed of 25
discrete patches with increasing Al content in AlxCoCrFeNi system was synthesized. The patches
were proved to be homogeneous in composition. Over a wide compositional range (x = 0.15 –
1.32), the observed microstructures were the same as those reported in the literature with serial
cast materials. The moduli and hardness also agree with the measurements of cast materials with
comparable loading conditions in nanoindentation. The notable consistency between the laserprocessed and cast microstructures and mechanical properties suggests that the laser depositionbased technique can be applied to the study of compositionally complex MPEAs, and that the
results from the libraries are representative of materials prepared by conventional methods. The
following study discusses the effects of processing conditions on the microstructures and
mechanical properties of MPEAs. Different cooling conditions were realized by adopting
combinations of laser powers and travel velocities. The resulting cellular microstructures were
very similar to those observed in the discrete libraries studied in the previous chapter, with the dual
FCC+BCC structure observed at low Al contents transitioning to a BCC/B2 structure at near the
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equimolar composition. The microstructures become finer as cooling rates increase, following a
power law relationship. The small prefactors in the equation indicate the more sluggish kinetics in
MPEAs. The refinement in microstructures leads to increasing microhardness, following a HallPetch relationship. The relative contributions of grain and interphase boundaries to the hardness in
the dual phase structures were resolved using a Hall-Petch mixture model. The processingmicrostructure-property paradigm can therefore be established in MPEAs using laser processing.
The final chapter in 3d transition metal MPEAs involves the optimization of the parameters to
create a compositionally homogeneous and defect-free multi-layer structure using DLD. The
feedstock parameters were determined to generate the target composition. The laser power, travel
velocity, hatch spacing, and Z increment ensure uniform composition throughout the build and a
small density of defects in the as-deposited samples. This study demonstrates the applicability of
the laser deposition method to fabrication of MPEAs in 3D, while the choice of powder blends
provides improved flexibility in grading one or more components, which is a step forward from
usage of single blends in the existing literatures.
The second section involves studies to investigate the compositional effects on the crystal
structures, microstructures and mechanical properties of refractory Nb-Ti-V-Zr system. The laserdeposited libraries were continuously graded in all four components, covering a large
compositional volume in the tetrahedron-shaped quaternary phase diagram. In total, 42
compositions were measured; 4 have BCC + Laves duplex phase, 7 undergo spinodal
decomposition, and all others are BCC. There are two different types of spinodal decomposed
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crystal structures, in which the D03 ordering is first reported in MPEAs. The primary dendrite
spacing was measured and plotted with regard to composition, which is indicative of diffusion
kinetics. The mechanical properties were also mapped and were closely related to the compositions
and microstructures. Complementary to the quaternary library, the Laves phases were studied in
detail in an equiatomic NbVZr alloy, whose configurational entropy is not sufficient to stabilize a
single-phase BCC solid solution. The hexagonal C14 and cubic C15 phases are observed in the
interdendritic regions. Laves phases strengthen the material, as dislocations pile up at the
interphase boundary between the softer BCC dendrites and the C14/C15 interdendritic regions,
resulting in the creation of stacking faults in the Laves phase. From first-principles calculations,
the stacking fault energy was found to be sufficiently low, which suggests deformation twinning
can be an alternative deformation mode in the brittle Laves phases.

8.2 Future Outlooks
As discussed in the Introduction, direct laser deposition (DLD) is advantageous over other
combinatorial high-throughput (CHT) synthesis methods in the versatility to rapidly produce
material libraries with continuous compositional gradients or an array of discrete “alloys on
demand”. However, the number of independent variables within the alloy system cannot exceed
the dimensionality of the library. These variables can be the content of a component or the
processing conditions. For instance, in the discrete AlxCoCrFeNi library (Chapter 3), Al content is
the only independent variable, so the library is 1D. In the microstructural library (Chapter 4), there
are two variables: Al content and cooling rates, and a 2D space is required. For the quaternary
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library (Chapter 7), the 3 variables are the contents of Nb, Ti and Zr, but we were able to construct
the library in 2D by compromising some freedom in relative concentrations of Nb and Zr (Nb and
Zr only changes oppositely). Following this trend, 2D libraries can manage up to 5-component
MPEA libraries with the cost that only 1/4 of the compositions are covered, or 3-component MPEA
microstructural libraries with 1/2 of the compositions are included. 3D libraries are capable of up
to 7-component libraries (with 1/8 compositions) or 5-component microstructural libraries (with
1/4 compositions). The dimensionality is just adequate for library synthesis, but it is not the case
for data interpretation. A major challenge is how to visualize the abundant data concisely and
correctly in multidimensional space. The quaternary and quinary phase diagrams and property
maps, which are crucial for the comprehensive understanding of the effects of each single element,
are less well-developed than ternary and binary, due to the difficulty in proper interpretation and
visualization of the data in 2D space. A quaternary alloy requires a 3D tetrahedral phase diagram,
while a quinary requires a 4D polytope. In this regard, one must be able to perform statistical
analysis or apply machine learning algorithms to capture correlations that are impossible to
visually identify.
The high cooling rates inherent to laser processing can cause significant deviation in
microstructures from materials in real practice or even defects that further compromise AM
material’s applicability. Indeed, laser deposited materials are easily prone to porosities, lack of
fatigue resistance and limitation in strain hardening. In this thesis work, we demonstrate that DLD
is capable of producing MPEAs consistent with cast materials. In addition, most cracks and
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keyhole pores can be mitigated by optimizing laser parameters. Recently, the laser peening
technique is adopted in material processing. As a non-thermal, mechanical process for treating
materials, a pulsed laser is directed onto the material that is locally covered by two types of
overlays: a thin opaque dark coating placed directly on the surface of the treated material, and over
which a thick layer transparent to laser. When the laser beam is focused on the surface, it
immediately vaporizes the opaque coating. The vapor is restricted in a small volume by the
transparent layer, and quickly expands against the surface of the material as it absorbs the incident
laser energy. A shock wave is generated and can reach a deeper distance into the workpiece than
conventional shot peening process. This technique can effectively modify the microstructures near
the surface, and the compressive residual stress significantly increases corrosion resistance and
fatigue life when the failure is caused by surface-initiated cracks. Positive effects of laser peening
on the performance of laser-deposited steels and titanium alloys have been reported [1, 2].
Advanced laser additive manufacturing should be able to integrate fabrication and in situ
processing, and to produce high-performance, complicated metal parts from a blueprint.
As briefly mentioned in Chapter 7, CHT characterization of structural materials falls behind
other fields, namely in crystal structure determination. New technologies are emerging to resolve
this bottleneck. For example, area detectors used in XRD resolve the susceptibility to incomplete
peaks or incorrect peak height ratios in bulk samples with large grain sizes or crystallographic
textures, as well as greatly reduce collection time to 10 minutes per sample [3, 4]. Vecchio’s group
designed a special sample holder that can be easily laser deposited on for automatic EBSD data
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acquisition [5]. Indexing unknown peaks in XRD or EBSD patterns can also be accelerated by
computational tools [6, 7].
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Appendix
This section contains functions and scripts in MATLAB that may be useful for future students.

Below is a sample script that plots a map using the input of a 256 × 256 csv file. It can also clean
up the undesirable drift effects from a modulus map (optional, as the lines are commented).
data = xlsread('StorModulus_20.csv');
avg_modulus = mean(data(:));

% cleaning up drift, uncomment if needed
% avg_row = mean(data,2);
%

% for i = 1:256
%
%
%

for j = 1:256

% end

data2(i,j) = (avg_modulus/avg_row(i))*data(i,j);

end

imagesc(data);
colorbar

axis equal tight

set(gca,'ytick',[])

set(gca,'yticklabel',[])
set(gca,'xtick',[])

set(gca,'xticklabel',[])

Below is a sample script that calculates the plastic work ratio, pulling out from the P-h data from
a nanoindentation measurement saved in the csv format.
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data = xlsread('indent_NbVZr_001.csv');
d = data(:,1); %depth of the indent
l = data(:,2); %load

[Max,I] = max(d); %find maximum and index of the depth
d_l = d(1:I); %depth in loading half

d_u = d(I+1:size(d)); %depth in unloading half
l_l = l(1:I); %load in loading half

l_u = l(I+1:size(l)); %depth in unloading half
t_work = trapz(d_l,l_l); %total work

e_work = -trapz(d_u,l_u); %elastic work
p_work = t_work - e_work; %plastic work

p_ratio = p_work/t_work; %plastic work ratio

Below is a sample script that reads the modulus data from a 256 × 256 csv file and fits the overall
histogram into three sub-Gaussian distributions with the single variate Gaussian mixture model.
The number of desired sub-Gaussian distributions can be adjusted in the second statement of
fitgmdist.
data = xlsread('Storage.csv');
data1 = [];

for i = 1:256

for j = 1:256

end

end

data1 = [data1,data(i,j)];

foo = fitgmdist(data1(:),3); % adjust number of Gaussians
xgrid = linspace(78,87,1001)'; % x axis range

n1 = makedist('normal',foo.mu(1),sqrt(foo.Sigma(1)));
n2 = makedist('normal',foo.mu(2),sqrt(foo.Sigma(2)));
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n3 = makedist('normal',foo.mu(3),sqrt(foo.Sigma(3)));
p = foo.ComponentProportion;

y = p(1)*pdf(n1,xgrid) + p(2)*pdf(n2,xgrid)+p(3)*pdf(n3,xgrid);
plot(xgrid,p(1)*pdf(n1,xgrid),'r-','LineWidth',2);
hold on;

plot(xgrid,p(2)*pdf(n2,xgrid),'b-','LineWidth',2);
hold on;

plot(xgrid,p(3)*pdf(n3,xgrid),'g-','LineWidth',2);
hold on;

histogram(data1,'Normalization','pdf','Facecolor','none');
xlabel('Storage Modulus/GPa','FontSize',20);
ylabel('Probability','FontSize',20);

set(gca,'FontSize',16,'linewidth',2);
legend('BCC','Laves1','Laves2');
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